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A B S T R A C T   

Owing to the rapid cooling rates and directional thermal gradients involved, fusion-based additive 
manufacturing (AM) processes yield complex, fine solidification structures that impart anisotropic mechanical 
properties in materials, such as stainless steel 316L (SS316L). In this work, we present a comprehensive study of 
the mechanical anisotropy of SS316L produced by laser powder bed fusion using instrumented nanoindentation. 
We produce and test near-single crystal samples oriented along the three principal crystallographic axes—namely 
〈100〉, 〈110〉, and 〈111〉—using a Berkovich indenter. We find that the 〈111〉 and 〈100〉 orientations exhibit the 
highest and the lowest hardness, respectively. To decouple the contributions of grain orientation and solidifi
cation structure to the alloy’s mechanical anisotropy, we compare our experimental results against crystal 
plasticity finite element (CPFE) simulations. We ascribe the hardness anisotropy in SS316L to the cell spacing 
along the slip direction (CSSD), which is a novel metric that we introduce to account for the role of the solid
ification structure on plasticity. Our work provides a universal pathway to understanding the microstructure- 
property relationships in cubic metallic materials that exhibit solidification structures,such as those commonly 
imparted by fusion-based AM.   

1. Introduction 

Fusion-based metal additive manufacturing (AM) offers design 
freedom and versatility in producing intricate engineering components 
by fusing raw materials together, layer by layer, using a high-energy 
source [1]. These advantages, however, come at the cost of forming 
parts with complex, hierarchical microstructures, which include fine 
solidification structures, site-specific elemental partitioning, and direc
tionally solidified grains with strong crystallographic textures [2,3,68]. 
This microstructural complexity—which is caused by the highly local
ized solidification, rapid cooling rates, directional thermal gradients, 
and cyclic heat-treatments involved in the manufacturing proc
ess—imparts non-obvious mechanical anisotropy, even in alloys such as 
austenitic stainless steel 316L (SS316L) [4–9]. As a result, it is difficult to 
establish accurate processing-structure-property relationships at the 
design stage to produce parts with uniform and predictable mechanical 
response. 

One of the challenges in this endeavor is to decouple the effects of 
crystallographic texture and solidification structure on the mechanical 
response of alloys and single out the respective contributions. Textures 
are widely known to have a direct impact on the mechanical anisotropy 
of SS316L produced by fusion-based AM [5,10]. However, the role of the 
directionally solidified cellular structures is still elusive. Solidification 
cells are known to be decorated by a high dislocation density entangled 
in their walls—which exceeds that found in their interior by one order of 
magnitude [11]—and a higher concentration of solute—which stems 
from the solidification of the constitutionally undercooled liquid alloy 
[2]. Both features hinder glissile dislocation motion [12–14] and thus, 
enhance the strength of the alloy [15,16]. Owing to the directionality of 
the cellular structure, it is possible that these additional strengthening 
mechanisms may have different weights along different crystallographic 
directions. 

In this work, we address this challenge by studying the interplay 
between solidification structures and crystallographic texture and their 
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role on the plastic anisotropy of SS316L produced by laser powder bed 
fusion (L-PBF). Leveraging on the texture-control capabilities enabled by 
L-PBF [17], we produce three near-single crystal SS316L cubic samples 
with strong 〈011〉 texture along the build direction (BD ‖ Z-axis) and 
different crystallographic orientations along the direction perpendicular 
to BD. These samples are ideal to investigate the orientation- and 
microstructure-dependent mechanical response of SS316L, as their 
uniform crystallographic orientation distribution allows separating the 
contributions of texture and solidification structure on the alloy’s me
chanical anisotropy. We carry out nanoindentation measurements at 
room temperature (RT) and combine microscopic observations of the 
indents on the samples’ surface with crystal plasticity finite element 
(CPFE) simulations to study the local deformation mechanisms at play. 
Our results elucidate the important role of the solidification structur
e—consisting of directionally grown cells—on the anisotropic hardening 
of the three orientations. We explain the plastic anisotropy based on the 
differences in cell orientation with respect to the active slip systems. 

2. Experimental methods 

We produced three SS316L cubes (1 cm length each) using a SLM 500 
HL (SLM Solutions, Germany) equipped with a 400-Watt IPG fiber laser 
with a Gaussian beam profile and a spot size of ∼ 80 μm. We employed 
gas atomized powder (Sandvik AB, Sweden) with a nominal composition 
of Fe–18Cr–14Ni-2.5Mo-0.03C (wt.%) and a particle size distribution 
between 20 μm and 53 μm. We set the laser power, scan speed, hatch 
spacing, and layer thickness to 240 W, 600 mm/s, 100 μm, and 40 μm, 
respectively. To produce samples with near-single crystal orientation, 
we employed a bi-directional scan strategy and kept the laser scan di
rection (SD) constant throughout the build [17]. To change the orien
tation of each of the three samples, we varied the angle between the SD 
and the X-axis (i.e., the edge of the cube samples) [17]. We used 0∘, 55∘,

and 90∘ to drive the formation of 〈100〉, 〈111〉, and 〈110〉 orientations 
along X, respectively as shown in Fig. 1. 

We prepared the cube samples using standard metallographic tech
niques, including grinding up to 800 grit SiC paper and polishing with 
diamond suspensions of 9 μm, 3 μm and 1 μm diamond sizes, followed by 
a final polishing using an oxide polishing suspension. We conducted 
nanoindentation experiments (N = 25) at room temperature (RT) on the 
polished surfaces of {100}, {110}, and {111} faces of the cubes (parallel 
to the Y-Z plane) using a Keysight-G200 Nano indenter equipped with a 

Berkovich tip at a loading rate of 10 mN/s. We measured hardness at a 
displacement of 800 nm for each orientation according to the Oliver and 
Pharr method [18,19]. The thermal drift was kept under 0.05 nm/s 
during each indentation and the samples were unloaded to 10% of the 
peak load to enable thermal drift correction. To assess the solidification 
structure, we chemically etched the samples by Kroll’s reagent for 30 
min. We characterized the solidification structure, grain orientation, and 
slip trace crystallography by means of field emission scanning electron 
microscopy (FESEM, JEOL 7800F Prime) and electron backscattered 
diffraction (EBSD, Symmetry S2 Oxford instruments). We carried out 
EBSD measurements using a step-size of 0.2 μm for grain orientation 
mapping and for assessing the local density of geometrically necessary 
dislocations (GNDs). We performed the analysis of the EBSD data sets 
using the Channel 5 software (by Oxford Instruments). We classified the 
grain boundaries based on their local misorientation into low angle 
grain boundaries (LAGBs) with misorientation ranging between 2◦ and 
15◦, and high angle grain boundaries (HAGBs) with a misorientation 
angle >15◦. 

3. Numerical simulation procedure 

3.1. Finite element model 

We modeled the plastic behavior of ideal single crystals during 
nanoindentation using three-dimensional (3-D) CPFE simulations 
(ABAQUS/STANDARD). Fig. 2a shows the 3-D finite element mesh of 
the substrate and the indenter. We modeled the substrate as a cylindrical 
block with height and radius of 12 μm each. We discretized the substrate 
using 28,500 linear hexahedral elements (C3D8 in ABAQUS element 
library). Based on the recommendation by Giannakopoulos et al. [20], 
we refined the mesh near the contact area (Fig. 2b), such that the ele
ments are elongated along the direction parallel to the height of the 
substrate (along the indentation axis) with an aspect ratio greater than 5. 
These settings are known to minimize errors in the computation of 
displacements and tractions [20]. 

We modeled the Berkovich indenter as an isotropic elastic body with 
a Young’s modulus and a Poisson’s ratio of 1441 GPa and 0.07, 
respectively, to mimic a near-rigid solid. We discretized the indenter in 
700 linear tetrahedral elements (C3D4 in ABAQUS element library). We 
set the indenter tip radius to 52 nm, used the penalty method for contact 
constraint enforcement, and assumed frictionless contact between the 
indenter and the substrate. We modeled the indentation under quasi- 
static, isothermal loading conditions in displacement-control mode to 
match our actual experimental conditions. We prescribed a velocity 
boundary condition v = 200 nm/s to the indenter and limited the time 
increment to 0.0005 s to ensure convergence. We list the three crystal
lographic orientations considered in this work in Fig. 2c. Again, we 
matched the crystallographic directions corresponding to the three 
indentation axes as well as the lateral directions to those used in the 

Fig. 1. Schematics of the scan strategy to produce samples with near-single 
crystal orientation with 〈100〉, 〈111〉, and 〈110〉 orientations along the X axis. 

Fig. 2. (a) 3D Finite element mesh of the indented block and the Berkovich 
indenter, (b) Mesh refinement near the contact area, (c) Orientations of SS316L 
single crystals considered in this work and their corresponding global coordi
nate directions along which the crystal orientations are aligned.. 
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experiments. 

3.2. Constitutive model 

The deformation behavior of the austenitic SS316L substrate is 
defined by the crystal plasticity constitutive model which describes the 
constitutive response of single crystal SS316L and accounts for the 

twelve {111}〈110〉 slip systems and the twelve {111}〈112
−

〉 twin sys
tems. We report the key constitutive equations in Section 4.3 and pro
vide a detailed description of the CPFE constitutive model in the 
Appendix. 

4. Results 

4.1. Nanoindentation experiments 

Fig. 3 shows representative high magnification EBSD grain orienta
tion maps and corresponding FESEM images of the {100}, {110}, and 
{111} surfaces of the cubes, on which we carried out the nano
indentation measurements. Grains in Fig. 3a, e, and i are color-coded 
according to their orientation along the X-axis, which coincides with 
the indentation direction. Fig. 3b, f, and j show electron micrographs of 
the corresponding surfaces after chemical etching. Etching reveals the 
melt pool boundaries and the solidification structures within the sam
ples, which consist of differently oriented cells. Owing to the strong 
biaxial texture in the samples, cell orientation is rather consistent 
throughout the build and fixed to a certain set of directions. In the {100}
sample, cells grow parallel to the cube face (i.e., on the Y-Z plane) at an 
angle of ±45∘ with respect to the Z-axis [17], as shown in Fig. 3c. 
Conversely, cells in the {110} sample appear more equiaxed because 
their growth direction has a component along the X-axis (i.e., out of the 
plane), as shown in Fig. 3g. Similarly, cells in the {111} sample are 
slightly elongated since their major axis is inclined at an angle of ∼ 36∘ 

with respect to the Z-axis (Fig. 3k). 
The experimental nanoindentation load - displacement curves for the 

three orientations and their corresponding hardness values are shown in 
Fig. 4a and b, respectively. The curves reveal a substantially higher 
hardness in L-PBF samples (ranging between 2.5 GPa and 3.1 GPa) 
compared to conventionally manufactured SS316L (ranging between 
1.5 and 2 GPa, depending on the processing history undergone by the 
material) [21–23]. Similar results showing higher hardness have already 

been reported by other researchers and were attributed to the presence 
of the solidification cells in the microstructure, which act as barriers to 
dislocation motion and promote dislocation entanglement [1,24–26]. 
We also observe a significant anisotropy in the maximum load (Fig. 4a) 
and hardness (Fig. 4b) at constant displacement, with the {100} and 
{111} being the softest and the hardest orientations, respectively. The 
relative difference in hardness between these two samples is as large as 
~400 MPa. Since we performed indentation away from the melt pool 
boundaries and in the interior of the grains found in our near-single 
crystals (see Fig. 3), we expect no contribution from low or high angle 
grain boundaries, or from solute boundaries [27] to the measured 
hardness. Further, since our indentation depth is reasonably high (i.e., 
800 nm), we also neglect any role of indentation size effects, which is 
dominant at low indentation depths of <100 nm [28,29], on our mea
surements. Therefore, we conclude that the hardness anisotropy must be 
a function of the local crystallographic orientation and the solidification 
structure imparted by the L-PBF process. 

4.2. Slip trace analysis 

To shed light on the hardness anisotropy, we analyze the slip band 
crystallography on each side of the indentation impressions by means of 
electron microscopy (Fig. 5). By relating the slip trace orientation on the 
sample surface to the underlying crystal orientation (measured by 
EBSD), we observe that the traces match the {111} planes across all 
grain orientations. The unit cell schematics to the right of the SEM im
ages in Fig. 5 illustrate the intersections of {111} planes with the sample 
surface (dashed lines marking the projection of 〈110〉 vectors onto the 
surface plane), indicating the activation of {111} 〈110〉 slip systems in 
all the three cases. This analysis suggests that dislocation gliding is one 
of the main deformation mechanisms for nanoindentation compression 
at room temperature [8,30]. In other words, we observe no activation of 
unfavorable slip systems in our AM SS316L. 

4.3. Crystal plasticity finite element simulations 

Since the stress distribution imposed during nanoindentation is 
complex and typically triaxial—especially when using a Berkovich 
tip—the plastic behaviour of the alloy as a function of crystallographic 
orientation cannot be entirely captured by Schmid factor analysis for 
uniaxial compression. Therefore, we devise a CPFE model to fully 

Fig. 3. Grain orientation maps, electron micrographs 
showing the nano-indented regions in SS316L. (a), 
(b), (c), (d) correspond to the {100} sample; (e), (f), 
(g), (h) corresponds to the {110} sample; and (i), (j), 
(k), (l) correspond to the {111} sample. (a), (e), and 
(i) are the grain orientation maps, (b), (f), and (j) are 
the corresponding electron micrographs showing melt 
pool boundaries, (c), (g), and (k) are the corre
sponding high magnification electron micrographs 
showing the solidification cell structures on the sam
ple surfaces, and (d), (h), (l) are the corresponding 
KAM maps computed from the raw EBSD data plot
ting the average misorientation between every pixel 
and a kernel of surrounding pixels.   
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resolve the stress state imposed by the indenter and study the plastic 
response of the L-PBF SS316L. In our model, we describe the initial 
strength of the slip systems using the Taylor relation: 

g0 = gf +∇μb
̅̅̅̅̅̅̅̅̅̅̅̅̅̅̅̅̅̅̅̅̅̅̅̅
ρGND + ρSSD

√
(1) 

The first term in the equation, gf , represents the cumulative strength 
of the slip system due to lattice friction, solid solution strengthening, and 
precipitation strengthening. The second term in Eq. (1) represents the 
strengthening contribution coming from dislocation interactions on the 
activated slip systems. Here, μ is the shear modulus of the material, b =

a0
√2 

is the magnitude of the Burgers vector of the slip system (with lattice 

constant a0), and ∇ is an empirical constant with a value of 0.33 for a 

uniform distribution of dislocations [31]. ρSSD and ρGND refer to the 
density of the statistically stored dislocations and GNDs, respectively. 
Their sum equals the total dislocation density, ρTOT. It is noteworthy that 
we do not take into account the contribution of grain boundary 
strengthening to the slip systems strength since our samples are all single 
crystal-like. 

To estimate the above variables and validate our model, we use the 
experimental results published by Karaman et al. [32] on the tensile 
behavior of single crystal-like AISI SS316L along three different crys
tallographic directions, viz. [100], [123], and [111]. We set gf = 95 
MPa, and ρTOT = 1 × 1012m− 2 (which is typical for annealed alloys). We 
take the elastic constants from previously published literature and es
timate the remaining parameters by fitting the model to the data pro
vided by Karaman et al. [32]. Because deformation twinning is known to 
be an active deformation mechanism in certain crystallographic orien
tations and is a function of the loading/stress state [5,8,33], we include 
slip-twin and twin-slip interactions in our CPFE model by computing the 
orientation-dependent stacking fault energy (SFE) of the material 
[32–35]. In the Appendix, we report the detailed description of all the 
constitutive equations for slip and twinning as well as all the variables 
which we use in the model (in Table A-2), alongside the corresponding 
sources. Fig. 6 compares the simulated stress-strain response of the 
single crystals along different crystallographic axes with the experi
mental results by Karaman et al. [32]. The good match between simu
lations and experiments suggests that the model quantitatively captures 
the plastic behavior of conventionally manufactured SS316L. 

It is widely accepted that fusion-based AM processes enhance the 
strength of SS316L as a result of the complex microstructure consisting 
of fine solidification structures and a higher initial dislocation density 

Fig. 4. (a) Load-displacement curves from loading to unloading stage (unloaded at a maximum displacement of 800 nm), (b) Experimentally measured hardness for 
the {100}, {110}, and {111} samples. 

Fig. 5. Electron micrographs of slip traces around the indents on the (a) {100}, 
(b) {110}, and (c) {111} sample surfaces. 

Fig. 6. Stress-strain response of single crystalline SS316L produced under 
tensile loading along different orientations; the symbols are the experimental 
results of Karaman et al. [32] and the solid lines are the predictions with the 
current model. 
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[36]. Thus, to adapt our model to L-PBF SS316L, we set the initial 
dislocation density to the experimentally measured values in our 
as-produced samples without modifying any other parameters. To esti
mate the new GND density, we compute the kernel average misorien
tation (KAM) maps corresponding to the raw EBSD data shown in 
Fig. 3d, h, and l and use the empirical relationship ρGND = λθ

Xb [37]; where 
λ = 2 (for low angle tilt boundaries), θ corresponds to the local misori
entation angle, X is the step-size used to acquire the EBSD measure
ments, and b is the magnitude of Burgers vector. The resulting average 
GND density in all three samples is ~1 × 1014 m− 2, which is in line with 
what has been previously reported for L-PBF SS316L [11,38]. Based on 
the work by Cui et al. [39], we estimate the SSD density in our samples to 
be roughly one order of magnitude lower than that of GNDs. Therefore, 
we compute an updated ρTOT = 1.1 × 1014 m− 2 for the SS316L samples 
in this work. 

To ascertain the role of this higher dislocation density on the hard
ness anisotropy, we compare the CPFE simulations using a total initial 
dislocation density of 1 × 1012 m− 2 and 1.1 × 1014 m− 2. We plot the 
simulation results in Fig. 7, including the load – displacement curves and 
hardness values, alongside the experimentally measured ones. To 
quantify the hardness anisotropy, we define a normalized hardness 
value, ηhkl = Hhkl

H100
− 1; where Hhkl and H100 are the hardness values on the 

{hkl} and {100} planes, respectively. The CPFE predictions on the alloy 
hardness are significantly lower compared to what we measure experi
mentally, regardless of the ρTOT value used. The results from simulations 
with ρTOT = 1 × 1012 m− 2 are not surprising since conventional SS316L 
has similar hardness and is known to exhibit isotropic mechanical 
properties [8,9]. However, for the case with ρTOT = 1.1 × 1014 m− 2, we 
only find marginal anisotropy (i.e., η{110} = 0.05,η{111} = 0.05). While 
this result indicates that the initial dislocation density plays a role on 
plastic anisotropy, it does not entirely capture the marked hardness 
anisotropy seen from our nanoindentation measurements (Fig. 7b), 
which yields η{110} = 0.12 and η{111} = 0.16. These results indicate that 
plain slip, deformation twinning, and initial dislocation density, do not 
play a major role on the orientation-dependent anisotropy observed. 
Since grain orientation has no direct effect on the hardness anisotropy, 
we attribute the discrepancy between CPFE simulations and nano
indentation measurements to the solidification cell structure in L-PBF 
SS316L. 

4.4. Microstructure analysis 

A visual comparison between the slip trace analysis in Fig. 5 and the 
solidification cell structures in Fig. 3 suggests that the activated dislo
cations in different samples may intersect solidification cells at different 
angles, even though they move along the same nominal crystallographic 

direction. The reason for these differences stems from the preferential 
orientation of solidification cells during L-PBF, which grow along the 〈 
100〉 crystal axes [3]. Therefore, while the slip directions across all 12 
slip systems are symmetrically equivalent, the number of cells that 
dislocations intersect along different slip directions is not necessarily 
identical. We illustrate this concept in the schematics shown in Fig. 8a. 

Since the solidification cell walls are decorated with solute ele
ments—such as chromium and molybdenum in SS316L—and copious 
dislocations—which originate from the rapid solidification of the 
alloy—they provide additional resistance to dislocation motion and 
thus, increase hardness [2]. Several works have correlated the average 
cell size in bulk samples with hardness and strength using the Hall-Petch 
relationship [25,40]. While this metric may be suitable to model hard
ening in polycrystals with random cell orientation distribution, it fails at 
capturing the nuanced differences in individual grain orientations, 
where the distance between cell walls along the slip directions may 
differ depending on the local crystallographic orientation and loading 
axis. Thus, we propose the cell spacing along the slip direction (CSSD) as a 
more accurate metric to account for hardening from cell structures. The 
higher the density of cell walls along the slip direction (i.e., the smaller 
CSSD), the higher the hardening effect; in a similar fashion to the grain 
boundary strengthening predicted by the Hall-Petch relationship [41]. 
We measure the CSSD by identifying the activated slip systems, 
computing the slip plane tilt with respect to the growth direction of 
solidification cells, and deducing the distance between cell boundaries 
onto such a plane along the slip direction using trigonometry. Fig. 8a 
shows a visual representation of the 3-D cell structure and the differ
ences in CSSD along two different slip directions [011] and [110], rep
resented by orange and purple arrows, respectively. 

To ascertain the role of CSSD on hardness anisotropy, we include the 
strengthening mechanism arising from cell boundaries in the strength of 
the slip systems in the CPFE simulations. To this end, we modify Eq. (1) 
to distinguish between strengthening effects caused by SSDs—which are 
uniformly distributed within solidification cells—and the Hall-Petch 
type of strengthening mechanism caused by the cell walls—which ari
ses from the localization of GNDs and segregated solute elements. The 
updated equation describing the slip system strength becomes: 

g0 = gAM
f +∇AMμb ̅̅̅̅̅̅̅̅̅ρSSD

√
+

kHP
̅̅̅̅̅̅
D

√ (2) 

Here, gAM
f represents the strengthening of the slip system in L-PBF 

SS316L, the dislocation strengthening term accounts for only SSDs, and 
the third term kHP̅̅̅̅̅

D α√ , includes the Hall-Petch strengthening contribution of 
GNDs. Although gAM

f in Eq. (2) corresponds to the same physical quantity 
as gf in Eq. (1), its value (40 MPa [39]) is smaller than the value of gf (95 
MPa) [42]. This difference can be rationalized by the fact that 

Fig. 7. (a) Simulated load-displacement curves at dislocation densities of 1012 m− 2 and 1014 m− 2 in comparison to the experimental ones, (b) Simulated and 
experimentally measured hardness and normalized hardness for {100}, {110}, and {111} samples. 
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segregation of solute elements to the cell walls leads to an overall 
reduction in solute strengthening. Further, we take the empirical con
stant ∇AM to be 0.23 for a distribution of dislocations that forms sub
structures within grains [43]. In the Hall-Petch strengthening term, kHP 

is the Hall-Petch parameter and D is the length scale corresponding to 
the microstructural interfaces hindering dislocation motion. In a typical 
polycrystal, Hall-Petch strengthening comes from the presence of grain 
boundaries. If grains are equiaxed, a single value of D equal to the 
average grain diameter may be used to predict the strength of all slip 
systems. In the present case of a L-PBF single crystal, however, segre
gation cell walls act as additional barriers to dislocation motion. Since 
these cells have high aspect ratio, D will be different in different slip 
systems [16]. Thus, we set D α = CSSDα for each activated slip system α, 
and calculate it as the chord length of a vector passing through the 
center of the cell along the Burgers direction. To ease the computation, 
we approximate a cell to an ellipsoid with the major axis oriented along 
the 〈100〉 direction (see Fig. 8b). Considering a local coordinate system 
x
−
y
−
z
−

with respect to the axes of the ellipsoidal cell (z
−

being aligned to its 
major axis), we define the resulting CSSD for each slip system, α, as [44]: 

CSSDα =
2

̅̅̅̅̅̅̅̅̅̅̅̅̅̅̅̅̅̅̅̅̅̅̅̅̅̅̅̅̅̅̅̅̅̅̅̅̅̅̅̅̅̅̅̅̅̅̅̅̅̅̅̅̅̅̅
(

b x−
α

A

)2

+

(
b y−

α

B

)2

+

(
b z−

α

C

)2
√ (3) 

Here, A ∼ 350 nm, B ∼ 350 nm, and C ∼ 7.2 μ m are the semi-axis 
lengths of the ellipsoidal cell measured from solidification cell struc
tures shown in Fig. 3. bx

− , by
− , and bz

− are the components of the unit 

Burgers vector in the local x
−
y
−
z
−

coordinate system. In the case of a 〈100〉 
zone axis and C >> A = B (as it is for solidification cells), the four slip 
systems whose slip directions are normal to the ellipsoid major axis have 
CSSD equal to 2A ∼ 710 nm, whereas the other eight have CSSD of =
2
̅̅̅
2

√
A ∼ 1000 nm. These values are in good agreement with those ob

tained via slip trace analysis and are shown in Fig. 8a. 
Knowing the orientation of the solidification cells in our SS316L cube 

samples, we use Eq. (3) to calculate the CSSD for each slip system and 
feed it to the Hall-Petch strengthening model in the CPFE simulations. 
While we do not directly account for the role of cell spacing in the 
definition of the strength of the twin systems, we note that the model 
implicitly takes it into account since the activation of multiple slip sys
tems is a prerequisite for the activation of twinning [45]. 

Fig. 8c and d shows the updated load – displacement curves and 
normalized hardness values after considering the CSSD effects in our 
CPFE simulations. The new curves closely mirror the experimental ones 
for all the three orientations and evince a significant anisotropy with 
η{110} = 0.09 and η{111} = 0.12. Therefore, we conclude that the 
measured mechanical anisotropy arises from the differences in CSSD in 
the three orientations. 

5. Discussion 

To rationalize the differences in hardness in the three samples, we 
analyze the CSSD within the plastic region below the indents from CPFE 
simulations, as shown in Fig. 9. We note that the plastic deformation in 
{110} is predominantly accommodated by slip systems with lower CSSD 
values of 710 nm. By contrast, the {100} orientation predominantly 
deforms by slip systems with higher CSSD values of 1000 nm. Therefore, 
owing to its lower CSSD values, the hardness of {110} is higher than that 
of {100}. In the case of {111}, the simulations show that the slip systems 
with a lower CSSD value are activated to accommodate deformation 
beneath the indenter (see the black arrow in Fig. 9c). This argument is 
supported by the experimental slip trace analysis shown in Fig. 5, which 
evinces activation of multiple slip systems with lower CSSD values in the 
cases of {110} and {111}. We therefore conclude that the activation of 
slip systems with lower CSSD values leads to a larger increase in hard
ness in {110} and {111} compared to {100}. 

Although the trend in hardness that we observe in our CPFE simu
lations (see Fig. 8d) is a close qualitative match with what we find in our 
experimental results, some quantitative discrepancies still exist. There 

Fig. 8. (a) 3D visual representation of cell struc
tures, slip directions, and cell spacing along slip di
rection (CSSD) values for two different slip 
directions. (b) Schematic showing the crystal 
embedded in an ellipsoid of semi-axes lengths A, B, 
and C. For zone axis along [001] and C >> A = B as 
in the case of sub-grain cells, the four slip systems 
which are normal to the major axis of the ellipsoid 
have CSSD equal to 2A whereas the other eight slip 
systems have CSSD of ~2√2 A. The former and 
latter are shown as orange and purple vectors; (c) 
Comparison of load-displacement curves obtained 
from the experiments and simulations, (d) Compar
ison of the normalized hardness values obtained 
from the experiments and simulations at peak load. 
With CSSD and without CSSD refer to the simula
tions wherein the strengthening effect of the CSSD is 
considered and ignored, respectively. (For interpre
tation of the references to color in this figure legend, 
the reader is referred to the Web version of this 
article.)   
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are several possible reasons that could explain this mismatch. For 
instance, while we ensured to measure hardness at a higher depth of 800 
nm to mitigate the effect of strain gradients on the hardness anisotropy, 
our simulations do not include the role of strain gradient plasticity, 
which may affect the local strain distribution within the alloy, and 
therefore, the load applied in the simulations [46]. The primary reason 
for the discrepancy may be due to our choice to use the Hall-Petch 
relationship to correlate CSSD with slip system strength. Since no 
study has proposed a Hall-Petch coefficient specific to cell-walls 
strengthening to date, we select a coefficient of 16.5 MPa 

̅̅̅̅̅̅̅̅̅
mm

√
, 

which equals the product of that associated with the slip system strength 
(taken to be 5.5 MPa 

̅̅̅̅̅̅̅̅̅
mm

√
) and an average Taylor factor of ~3 [39]. 

This value is approximately equal to the Hall-Petch coefficient used for 
coarse-grained microstructures, and thus deemed appropriate for our 
single crystal-like samples. However, we note that the high cell-walls 
density in our material (as confirmed by average CSSD values ≤ 1 μm) 
could call for a larger Hall-Petch coefficient, which is typical of 
fine-grained microstructures (e.g., of the order of ~50 MPa 

̅̅̅̅̅̅̅̅̅
mm

√
in 

stainless steels [47]). It may be noted that a larger Hall-Petch coefficient 
would increase the difference in strength between the slip systems with 
different CSSD values, which would in turn increase the hardness 
anisotropy. With regards to the Hall-Petch exponent, the existing liter
ature is inconclusive on what exponent to employ in steels. Some have 
argued that the value should scale with the applied strain [48]. Others 
[49] have shown that the sub-grain structures forming as a result of 
plastic deformation may call for smaller exponent (approximately − 1). 
Here, we employ the conventional value of − 0.5. Clearly, the choice of 
the Hall-Petch parameters affects the magnitude of the hardness 
anisotropy in our experiments. We select conservative values for both 
the coefficient and exponent not to overestimate CSSD strengthening in 
SS316L (and thus the resulting hardness anisotropy). Indeed, several 
works have proposed other analytical expressions to link strength to the 
size of dislocation substructures, which yield more significant contri
butions. Gahn et al. [50], for instance, showed that the strengthening 
effect due to the internal stresses caused by the compositional variations 
between cell interiors and cell walls may be estimated by: 

gcell walls = c1

(
μb
D

)2
3

(4) 

Here gcell walls is the contribution to the strength from the cell walls. 
Using Eq. (4), Smith et al. [15] calculated c1 = 27.7MPa1/3 as the result 
of Cr segregation to cell walls in stainless steel 304L. By applying Eq. (4) 
to our results, we find the difference in strength between slip systems 
with CSSD values of 710 nm and 1000 nm to be ~52 MPa, which is ~1.5 
times the difference between the strength of the slip systems obtained 
using the Hall-Petch relationship in our work. In another work, Staker 
et al. [51] proposed a different relationship between dislocation sub
structures and yield strength given by: 

gsubstructures = c2
μb
D

(5) 

Here, c2 is a non-dimensional constant determined to be 10.5 for 

dislocation structures in a number of FCC materials, such as copper and 
aluminum [51]. Using Eq. (5) and assuming the same c2 value for 
simplicity, we find the difference between the strength of the slip sys
tems with CSSD values of 710 nm and 1000 nm to be ~85 MPa, which is 
~2.5 times higher than what we report in this work through the 
Hall-Petch relationship. Either approaches—using Eq. (4) or Eq. (5)— 
would therefore increase the hardness anisotropy estimates for our 
alloy. 

In view of the above and due to the current uncertainty around what 
relationship to use to estimate the strengthening contribution coming 
from dislocation substructures in L-PBF steels, we have chosen to rely on 
Hall-Petch relationship and to use parameters that, we believe, best 
represent the dislocation cells found in our samples. Indeed, Fig. 8c 
shows a good match between the experimentally measured load- 
displacement curves and those computed through our simulations, 
indicating that the parameters we chose are a good fit to represent 
dislocation cells. It is noteworthy that the key role of CSSD on the plastic 
anisotropy in L-PBF SS136L is clear from this work, despite the uncer
tainty in the selection of the strengthening relationship and fitting 
parameters. 

Our results provide direct evidence that the solidification structure 
underpins the plastic anisotropy of L-PBF SS316L, which varies in non- 
obvious ways as a function of crystal orientation. These conclusions are 
in line with the work by Voisin et al. [16], who recently noted that a 
single microstructural length scale cannot be used to characterize the 
strengthening mechanisms at play in the complex microstructures that 
form during fusion-based AM processes; especially given the important 
role of segregation cell structures. Our CSSD metric could provide new 
insights and opportunities into understanding the strengthening mech
anism at play in a wide range of alloy systems produced by fusion-based 
AM processes. We speculate that the CSSD effect may be even more 
pronounced in alloys exhibiting nano-precipitates or inclusions at cell 
boundaries [52]. If controlled—for instance by varying the cell size [38] 
and solidification texture [17] via AM process parameter tuning—this 
plastic anisotropy could also provide new avenues for tailoring the 
mechanical behavior of structural materials to an unprecedent level of 
detail. 

6. Conclusions 

In this work, we provide new insights into the role of the solidifi
cation structure on the mechanical anisotropy of L-PBF SS316L by 
testing near-single crystalline specimens using instrumented nano
indentation and modeling their plastic behavior by means of crystal 
plasticity finite element (CPFE) simulations. The main findings of our 
work are:  

1. Nanoindentation experiments on L-PBF SS316L reveal a measurable 
hardness anisotropy with 〈111〉 orientation exhibiting the highest 
and 〈100〉 exhibiting the lowest value.  

2. We ascribe the anisotropy to the cell spacing along slip direction 
(CSSD), which quantifies the linear density of solidification cell 

Fig. 9. Contours of the CSSD of the most active slip systems on two cross sections of the substrate for indentation on the (a) {100}, (b) {110}, (c) {111} planes, (d) 
orientation of the cross-sectional planes with respect to the indenter. 
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boundaries on the activated slip system. Indeed, hardness scales 
inversely to CSSD, following the Hall-Petch relationship.  

3. To corroborate our hypothesis, we run CPFE simulations that include 
the CSSD contribution to the alloy plastic behavior and demonstrate 
their key role on the orientation-dependent plasticity of the alloy. By 
contrast, we find that deformation slip, twinning, initial dislocation 
density, and grain orientation do not impart significant mechanical 
anisotropy. 

These findings carry important implications for designing and un
derstanding the behavior of metal alloys produced by fusion-based AM 
processes. They enable more accurate prediction of the mechanical 
behavior—and possible anisotropy—parts in service produced by 
fusion-based AM. Moreover, they provide new insights into the complex 
strengthening mechanisms at play not just in SS316L, but also in a wide 
range of other alloy systems produced by means of fusion-based AM 
processes. 
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Appendix 

A. Crystal plasticity constitutive model 

The CPFE model describes the constitutive response of a perfect single crystal of SS316L and accounts for twelve {111}〈110〉 slip systems and 

twelve {111}〈112
−

〉 twin systems based on the framework developed by Refs. [53–55]. Both slip and twinning occur in the close packed {111} planes. 

The Burgers vector of the former and latter are 1
√2

〈110〉 and 16 〈112
−

〉 , respectively, with the latter being the leading Shockley partial of the former. 

Table A-1 lists the twelve slip systems and the partials corresponding to each slip system.  

Table A-1 
Slip plane normals (Column 1) and slip directions (Column 2) in FCC austenitic S316L. The partials 
whose sum forms the slip directions are shown in Columns 3 and 4. The Burgers vector of the twin 
systems are given by the leading Shockley partials of the slip systems.  

Slip/twin plane Slip direction Partial 1 Partial 2 

(111) [011
−

] [11
−

2] [1
−

21
−

]

(111) [1
−

01] [2
−

11] [1
−

1
−

2]
(111) [11

−

0] [12
−

1] [21
−

1
−

]

(1
−

1
−

1) [011
−

] [121
−

] [1
−

12
−

]

(1
−

1
−

1) [101] [11
−

2] [211] 

(1
−

1
−

1) [1
−

1
−

0] [2
−

1
−

1
−

] [1
−

2
−

1]

(11
−

1) [011] [1
−

21] [112] 

(11
−

1) [11
−

0] [21
−

1] [12
−

1
−

]

(11
−

1) [1
−

01
−

] [1
−

1
−

2
−

] [2
−

11
−

]

(1
−

11) [01
−

1
−

] [1
−

2
−

1
−

] [11
−

2
−

]

(1
−

11) [1
−

01] [1
−

12] [2
−

1
−

1]

(1
−

11) [110] [211
−

] [121]  

The total deformation gradient F is the product of the elastic Fe and plastic Fp parts [56]: 

F=FeFp (A-1) 

From the initial reference configuration, Fp transforms the material to a stress-free intermediate configuration and Fe transforms the material from 
the intermediate configuration to the final configuration through lattice stretching and rotation. Using Eq. A-1, the elastic and plastic parts of the 
velocity gradient are obtained as 

F = FeFe− 1
⏟̅̅̅̅̅̅̅⏞⏞̅̅̅̅̅̅̅⏟Le

+ FeFpFp− 1Fe− 1
⏟̅̅̅̅̅̅̅̅̅̅⏞⏞̅̅̅̅̅̅̅̅̅̅⏟Lp

(A-2) 
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where Le and Lp are the elastic and plastic parts of the velocity gradient respectively in the current configuration. After Kalidindi et al. [55], Lp can be 
written as: 

Lp =

(

1 −
∑Ntw

β=1
fβ

)
∑Nsl

α=1
γ̇α(sα ⊗ nα)

⏟̅̅̅̅̅̅̅̅̅̅̅̅̅̅̅̅̅̅̅̅̅̅̅̅̅̅̅̅̅̅̅ ⏞⏞̅̅̅̅̅̅̅̅̅̅̅̅̅̅̅̅̅̅̅̅̅̅̅̅̅̅̅̅̅̅̅ ⏟
Slip ​ in ​ matrix

+
∑Ntw

β=1
γ̇β( sβ ⊗ nβ)

⏟̅̅̅̅̅̅̅̅̅̅̅ ⏞⏞̅̅̅̅̅̅̅̅̅̅̅ ⏟
Twin ​ in ​ matrix

+

(
∑Ntw

β=1
fβ

)
∑Nsl

α’=1
γ̇α’(sα’ ⊗ nα’)

⏟̅̅̅̅̅̅̅̅̅̅̅̅̅̅̅̅̅̅̅̅̅̅̅ ⏞⏞̅̅̅̅̅̅̅̅̅̅̅̅̅̅̅̅̅̅̅̅̅̅̅ ⏟
Slip ​ in ​ twin

(A-3)  

Here, α and β are the slip and twin systems, respectively, α′ is the slip inside the twinned regions, fβ is the volume fraction (v.f.) of the βth twin system, 
and Nsl = 12 and Ntw = 12 are the number of slip and twin systems, respectively. For the ith slip/twin system, si and ni are the slip/twin direction and 
slip/twin plane normal, respectively, and γ̇i is the shear rate. 

A.1 Constitutive equations for slip 
We employ a viscoplastic power law to model plastic slip [57]: 

γ̇α = γ̇α
0

⃒
⃒
⃒
⃒
τα

gα

⃒
⃒
⃒
⃒

msl

sgn(τα) (A-4)  

Here, τα = nα ⊗ sα: σ is the resolved shear stress (RSS), and gα is the critical resolved shear stress (CRSS) of the αth slip system. γ̇α
0 = 0.001 s− 1 and msl =

20 are the reference shear rate and strain rate sensitivity parameter for slip, respectively. The CRSS is given by: 

gα = g0 +

∫t

0

ġα
sl− sldt +

∫t

0

ġα
sl− twdt (A-5)  

Here, g0 is the initial strength of the slip system. Eq. (1) and Eq. (2) describe g0 for conventionally manufactured and AM SS316L respectively and is not 
repeated here for brevity. The second term in Eq. A-5 represents the slip system hardening due to interactions with other slip systems and is given by: 

ġα
sl− sl =

∇μb
2 ̅̅̅ρ√

∑Nsl

β=1
ρ̇β (A-6) 

The rate of evolution of dislocation density is calculated using the Kocks-Mecking expression as [58]: 

ρ̇α
=

1
bα

(
1
lα − 2yα

c ρα
)

|γ̇α| (A-7) 

The first term in equation (A-7) denotes the rate of multiplication of dislocations, which depends on the mean free path lα. The second term denotes 
the rate of annihilation of dislocations due to dynamic recovery with yα

c denoting the annihilation radius. The mean free path for dislocation motion is 
given by: 

lα =
Kα

mul̅̅̅̅̅̅̅̅̅̅̅̅̅̅̅̅̅∑
β∕= αρβ

√ (A-8)  

Here, Kα
mul is material parameter characterizing rate of dislocation multiplication and is determined by fitting with experiments. After Kalidindi et al. 

[59], the hardening of the slip systems due to twinning is taken to arise from the non-coplanar twins acting as barriers to dislocation motion. The 
strength of this hardening depends on twin spacing, which, in turn, is assumed to be inversely proportional to the twin v.f. Therefore ġα

sl− tw is given by: 

ġα
sl− tw = 0.5Hsl− tw

⎛

⎝
∑β=NNCP

tw

β=1
f β

⎞

⎠

− 0.5

ḟ
β (A-9)  

Here, Hsl− tw is the hardening coefficient of the hardening of slip systems due to twinning and NNCP
tw is the number of non-coplanar twin systems. 

A.2 Constitutive equations for twinning 
A flow rule similar to slip is adopted for twinning: 

γ̇β = γ̇β
0

⃒
⃒
⃒
⃒
τβ

gβ

⃒
⃒
⃒
⃒

mtw

(A-10)  

Here, τβ is the RSS on the leading partial [60], gβ is the CRSS of the βth twin system, respectively, and γ̇β
0 and mtw are the reference shear rate and strain 

rate sensitivity parameter for twin, respectively. We compute the rate of increase of the twin v.f. as ḟ
β

=
γ̇β

γtw
; where γtw = 1

√2 
is the twinning shear of 

the FCC crystal. While a similar approach has been taken for twinning in metals of other crystal classes such as HCP Magnesium [61], some key 
differences exist in the mechanism of twinning in austenitic steels. 

In the case of non-cubic materials, strain accrual on the twin systems is non-zero only if the RSS is positive, i.e., twinning is polar. In the case of 
cubic materials, however, the direction of the RSS affects the twin systems differently. As shown in Table A-1, each slip system corresponds to two 
partials, and both can serve as the leading partial of a twin system. Figure A-1 schematically shows the partials corresponding to the (111)[011] slip 
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system. To ascertain which of the two partials should be adopted as the leading partial of the corresponding twin system, we adopted the following 
strategy. If the RSS of the slip system is positive (see Figure A-1a), then we consider Partial 1 as the leading partial and Partial 2 as the trailing partial. 
By contrast, if the RSS is negative (see Figure A-1b), we consider the negative of Partial 2 as the leading partial and the negative of Partial 1 as the 
trailing partial. The CRSS of the twin systems are given by: 

gβ = gβ
0 +

∫t

0

(
ġβ

tw− tw + ġβ
tw− sl

)
dt (A-11)  

where gβ
0 is the intrinsic strength of the twin systems which is given by Byun’s formula [35]: 

gβ
0 =

2γSFE
eff

bβ (A-12)  

Here, bβ = a0
√6 

is the magnitude of the Burgers vector of the partial dislocation and γSFE
eff is the effective stacking fault energy under the applied stress 

computed as [32,62]: 

γSFE
eff = γSFE

0 +
nβ ⊗ sβ

T : σ − nβ ⊗ sβ
L : σ

2
bβ (A-13)  

where γSFE
0 is the stacking fault energy at no applied stress, and nβ ⊗ sβ

T and nβ ⊗ sβ
L are the RSS on the trailing and leading partials, respectively. 

Therefore, unlike slip, the intrinsic strength of the twin systems is dependent on the current stress levels and the orientation of the partials.

Fig. A.1. Determination of leading and trailing partials from the direction of the RSS. The black arrow denotes the direction of the RSS. The blue and red vectors 
denote the leading and trailing partials, respectively. 

ġβ
tw− tw in equation (A-11) represents the hardening of the twin systems due to interactions with other twin systems. After Kalidindi et al. [59], it is 

given as: 

gα
tw− tw = HNCP

tw− tw

(
f β)p

⎛

⎝
∑β=NNCP

tw

β=1
γ̇β

⎞

⎠+ HCP
tw− tw

(
f β)q

⎛

⎝
∑β=NCP

tw

β=1
γ̇β

⎞

⎠ (A-14)  

where HNCP
tw− tw and p, and HCP

tw− tw and q are the hardening parameters for the other non-coplanar and coplanar twin systems, respectively. fβ
=
∑β=Ntw

β=1
fβ is 

the total twin v.f., ġβ
tw− sl represents the hardening of the twin systems due to interactions with other slip systems; after Salem et al. [63], it is given as 

gα
tw− sl = Htw− sl(γα)

r

(
∑α=Nsl

α=1
γ̇α

)

(A-15)  

where Htw− sl, r are the hardening parameters for the twin systems due to slip. γα is the total accumulated strain on all slip systems. 

A.2.1 Twinning induced lattice reorientation 

When the total twin v.f. at a material point (fβ
) reaches a critical value (fcr), twinning induced lattice reorientation is applied. The rotation matrix 

Rβ
′

is given by Rβ
′

= − I + 2nβ
′

⊗ nβ
′

; here I is the second-order identity tensor and β′ is twin system based on which the lattice is rotated. The 
predominant twin reorientation scheme [64] is used to determine β′ wherein the twin system with the highest volume fraction is chosen as β′ . Once the 
lattice reorientation is applied, the RSS of all the slip and twin systems are recalculated for the new orientation. The twin v.f. of all the twin systems is 
reset to zero; this allows for retwinning and accrual of slip in the reoriented regions. 

Kalidindi et al. [59] noted that the number of active slip systems with the twin is expected to be much smaller than the number of active slip 
systems in the matrix. Therefore, slip within the twin (third term in Eq. A-3) is not considered in this work. It is noteworthy that, due to the reor
ientation scheme applied, slip within the reoriented regions is possible after lattice reorientation. The crystal plasticity constitutive model described 
above is implemented as a User Material (UMAT) subroutine in the commercial finite element code ABAQUS. The time integration scheme of Huang 
et al. [65] is used. 

A.3 Model parameters 

Table A-2 lists the model parameters used in this work. The source of the parameters obtained by fitting with the experiments of Karaman et al. 
[32]are indicated as “fitted” and the sources for the other parameters are indicated in the Source column, where applicable. 
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Table A-2 
Material parameters for the SS316L used in this work. All the elastic constants, strength and hardening parameters are in MPa.  

Quantity Value Source Equation No. 

Elastic constants (MPa) C11 = 204600 [66] – 
C44 = 126200 
C12 = 137700 

Shear Modulus (MPa) μ = 74000 [41] A-5 
Lattice constant (nm) a0 = 0.357 – – 
Reference shear rate (s− 1) γ̇α

0 = 0.001  – A-4 
Strain rate sensitivity parameter msl = 20  – A-4 
Lattice resistance (MPa) gf = 95  [41] 1 
Lattice resistance (MPa) gAM

f = 40  [39] 2 

Dislocation multiplication Kα
mul = 40  Fitted A-8 

Dislocation multiplication yα
c = 3.5 bα  Fitted A-8 

Hall-Petch coefficient (MPa 
̅̅̅̅̅̅̅̅̅
mm

√
)  kHP = 5.5  – A-5 

Hardening due to twinning (MPa) Hsl− tw = 50  Fitted A-6 
Reference shear rate (s− 1) γ̇β

0 = 0.001  – A-9 
Strain rate sensitivity parameter mtw = 20  – A-9 
Stacking fault energy (Jm− 2) γSFE

0 = 27 × 10− 3  [67] A-12 
Hardening due to twin (MPa) HNCP

tw− tw = 200, p = 0.4  Fitted A-14 
HCP

tw− tw = 450, q = 1.0  
Hardening due to slip (MPa) Htw− sl = 250, r = 0.7  Fitted A-15 
Critical twin v.f. fcr = 0.98  – –  
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