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A parametric experimental study on the role played by the power (P), velocity (VL) and profile 

(top hat or Gaussian) of the laser on the porosity, inclusion content and microstructural 

evolution of in-situ alloyed laser powder bed fusion (LPBF) manufactured Ti34Nb was 

conducted. For this, alloys were printed with three sets of processing parameters, in which the 

above-mentioned parameters were varied but the energy density was held constant. A detailed 

tomographic and microstructural investigation of these alloys was followed by tensile tests. 

Observations of melt pools in the single tracks and single stripes were complemented by 

thermal finite element method (FEM) simulations that studied their evolution. Results show 
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that a top hat laser profile combined with high P (> 650 W), high VL (> 650 mm/s) and short 

stripe width scanning strategy forms a large single stripe melt pool that moves slowly and has 

a low aspect ratio. The large and slow melt pool allows Nb to melt efficiently and minimizes 

its unmelted content while the low melt pool aspect ratio prevents keyholing that can otherwise 

result in porosity. These melt pool attributes also favor the formation of a columnar β-Ti 

microstructure with a strong {100} texture, which has the ideal combination of strength and 

elastic modulus. The mechanisms of microstructural evolution were explained and the scope 

of this parameter optimization principle was discussed in the context of further improving the 

properties of this alloy.  

1. Introduction 

TiNb alloys are considered promising materials for making biological implants that support 

and strengthen broken bones in the human body. While conventional implant materials such as 

316L stainless steel, CoCrMo and Ti6Al4V are still popular, alternatives are being explored 

after it was discovered that they indirectly cause osteopenia in recovering bones [1]. The onset 

of osteopenia -- a condition where the bone tissue does not acquire the appropriate density after 

healing — due to implant insertion is attributed to the significantly stiffer implant material that 

completely shields the bone from stress, which is otherwise essential for its growth [1, 2]. An 

ideal implant material is one whose elastic modulus, E, matches, or is at least reasonably close 

to that of bone. Cortical bones have E ~30 GPa, whereas all the above-mentioned conventional 

implant materials have E > 100 GPa [3]. In contrast, TiNb alloys are more appealing as their E 

ranges from 30 to 65 GPa, depending on the Nb concentration. Note that besides selecting 

materials with lower E, the stiffness of the implant can also be minimized by geometrical means, 

i.e., by designing a compliant lattice structure. However, the optimization of implant stiffness 

via geometrical means is a separate area of research and will hence not be addressed in our 

study. 
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An additional advantage of TiNb alloys as an implant material is that the constituents are non-

toxic, whereas Ni in stainless steel, Co and Cr in CoCrMo and Al/V in Ti6Al4V are associated 

with cytotoxicity [4].  

Although TiNb alloys have low E, they can only be considered structurally viable for implant 

applications if they possess reasonable strength and toughness. The key requirements to satisfy 

these conditions are (a) a single phase β-Ti microstructure, which is the toughest phase in Ti 

alloys (b) a texture that ensures minimum E, and (c) a strengthening mechanism that ensures 

high yield strength. A recent study reported that a cold rolled and annealed Ti33Nb4Sn (wt. %) 

alloy has the ideal combination of low E ~36 GPa and high strength of 853 MPa due to a fine 

grained β-Ti microstructure with high dislocation density. Employing similar conventional 

processing techniques, implants manufactured from Ti13Nb13Zr and Ti29Nb13Ta4.6Zr are 

already commercially available [5, 6]. However, switching to additive manufacturing (AM) 

technologies, such as laser powder bed fusion (LPBF), to develop these implants is a more 

attractive alternative as the process is significantly more cost effective, time efficient and 

recycling friendly [7]. In LPBF, also referred to as selective laser melting (SLM), a component 

is built incrementally by a high-power laser, which fuses the powders of a material layer-by-

layer. The method offers customizability of design and the option of tuning process parameters 

such as, laser power, scan speed, scanning patterns, etc. to develop specific microstructural 

features that suit a particular need [8-14]. It is also specifically suited for making TiNb implants, 

as the fast cooling cycles, intrinsic to the LPBF process, is ideal for obtaining a fine 

microstructure and retaining metastable β-Ti phase at room temperatures.  

Despite these benefits, LPBF fabrication of TiNb alloy implants is limited by the unavailability 

of printable pre-alloyed powders of specific compositions. To resolve this drawback, several 

studies have attempted to manufacture Ti-based alloys using the in-situ alloying method [15-

19]. In this method, the required proportions of two constituent powders are mixed, fed through 
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the hopper, spread over the powder bed and scanned by laser to obtain the alloyed component. 

Although in-situ alloying is cost effective and conceptually trivial, it has the following 

drawback associated with it. Since the constituents are expected to have different melting 

points, it is unlikely that the two would melt uniformly when scanned with the same laser power. 

Typically, one of the constituents either vaporizes or segregates as an un-melted inclusion in 

the alloy. In TiNb alloys the latter situation is often encountered. Some studies suggested that 

the content of un-melted Nb can be reduced by increasing the volumetric energy density, Ed 

[20, 21]. Ed is related to the laser power, P, laser scanning speed, VL, distance between two 

laser scan tracks (also known as hatch spacing), h, and powder layer thickness, t, by the 

following equation: 

Based on Eq. (1), P must be increased while all the other parameters must be minimized to 

increase Ed. However, it was observed that while a progressively higher Ed is effective in 

reducing the content of un-melted Nb, it leads to the formation of keyhole induced porosity in 

the alloy, which is also an undesirable defect. This conundrum, referred to as the porosity-

inclusion dilemma, which is also observed in other Ti based alloys such as TiTa, has not been 

resolved by optimization strategies that vary Ed, although a few have been tried [20-22]. It was 

also noted that while Ed is a good measure of the energy density input during printing, it does 

not consider the subtle variations associated with material-laser interactions, and hence 

becomes an empirical method to predict build characteristics. To compensate for this, a 

normalized enthalpy optimization strategy, which involves material as well as printing 

parameters in LPBF, was developed [23]. However, the application of this strategy in the case 

of in-situ alloying was unsuccessful as the formulation does not consider the effect of multiple 

constituent powders [22]. Moreover the normalised enthalpy approach does not capture the re-

𝐸𝑑 =  
𝑃

𝑉𝐿 . ℎ. 𝑡
 , (1) 
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melting effect of adjacent laser scans as the influence of hatch spacing is not incorporated in 

the equation. Considering the limited success of this method in the context of in-situ alloying 

via LPBF, Ed has been the de-facto standard when it comes to process optimization for the in-

situ alloying process. Some other studies partially resolved the porosity-inclusion dilemma and 

reduced the content of unmelted inclusion, at a fixed porosity content, by employing the laser 

re-scanning/re-melting technique, where at least twice the number of scans are performed on 

each layer to ensure better mixing of the constituents [15, 22]. However, this method 

significantly increases the printing time and energy consumption, which translates to a higher 

average cost per part. 

In this paper, we demonstrate that an alternate strategy of focussing on the melt pool 

characteristics and dynamics, instead of Ed optimization, is the real key to resolving the 

porosity-inclusion dilemma in LPBF printed TiNb alloys. For this, samples were built with 

three different printing parameter sets, where P and VL were varied while h and t were held 

constant. P and VL were also varied in the same proportion, i.e. their ratios were the same in all 

parameter sets, to ensure invariance of Ed. In addition, the effect of two different laser profiles, 

namely the Gaussian and top-hat, and influence of the stripe scanning strategy were also 

considered. The quality of samples was examined via X-ray computed tomography (XCT), the 

microstructural characterization was performed with scanning electron microscopy (SEM) and 

electron backscatter diffraction (EBSD) and, the mechanical properties were assessed by 

conducting uniaxial tension tests. Results of these investigations show that a combination of 

highest P and VL, short stripe width scanning strategy and a top hat laser profile produces a 

fully dense TiNb alloy with a minimal volume fraction of unmelted Nb. Moreover, the 

microstructure of the sample printed with this parameter set has the optimum microstructure 

for superior mechanical performance -- β-Ti columnar grains and a dominant {100} texture 

along the build direction. Using direct visualization of single tracks and single stripes, 
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complemented by a simple thermal finite element method (FEM) simulation of the latter, we 

argue that optimizing the dynamics and dimensions of the melt pool, which is facilitated by 

appropriate parameter optimization -- is necessary for printing defect free, high quality TiNb 

implants.  

2. Experimental details 

2.1. Laser powder bed fusion  

Samples were fabricated using an in-house developed TiNb elemental powder blends with 34 

wt.% Nb. The Ti34Nb powder blend was obtained by mixing spherical gas atomized 

commercially pure titanium (CP Ti) and Nb powders (> 99.8%). The CP Ti powder (Grade 2 

ASTM B348, LPW Technology Ltd, United Kingdom) particles have a median diameter of 

43.5 μm while the Nb powder (Tecnisco Advance Material Pte Ltd, Singapore) has a particle 

size distribution that ranges between 20 to 63 μm. The two elemental powders were mixed and 

blended for 12 hours at a rate of 30 rpm using a tumbler mixer (Inversina 2 L, Bioengineering 

AG). The blending process was conducted under an argon quenched atmosphere. 

The sample fabrication process was carried out using the SLM 250 HL machine (SLM 

Solutions Group AG). The machine was customized to be equipped with 2 fibre laser types, as 

shown in Figure 1a. One of the fibre lasers is conventionally available in many other LPBF 

machines, which is a Gaussian beam profile laser (1064 nm) with a focus diameter of 80 μm 

and a maximum laser power of 400 W. The second equipped fiber laser (1064 nm) has a top-

hat profile with a focus diameter of 200 μm and a maximum laser power of 1000 W. All 

fabrication processes were carried out in an argon environment of  < 500 ppm oxygen to prevent 

oxidation and interstitial element contaminations. The samples were built on Ti base plates 

with area dimensions of 100×100 mm2. Also, all samples were prepared using the same Ed 

input and rotated stripe scanning strategy but with different P and VL. The schematic of a single 
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track and stripe pattern is shown in Figure 1b. While a single track involves laser scan 

movement along one direction, a stripe pattern consists of anti-parallel scan vectors, which 

raster and create a scanned patch that has a much larger width than a single track (blue dashed 

line in Figure 1b). Each layer is built by a series of parallel stripes that spans its entire length. 

A schematic of the rotated stripe scanning strategy is shown in Figure 1c. In every subsequent 

new layer, the stripes rotate clockwise  by ~79ᵒ with respect to the previous layer. The details 

of scanning parameters associated with each sample can be seen in Table 1. Note that the 

samples will hitherto be referred to by the corresponding applied P used for printing them, i.e. 

350W, 650W and 950W. The laser profile of sample 350W is Gaussian, whereas those of the 

other two are top-hat.  

 

Figure 1. Schematic representations of (a) Gaussian and top hat laser profiles, (b) Schematic of single track and single 

stripe scanning and (c) The scanning strategy employed. The black arrow in (b) indicates the laser scan paths and directions 

associated with each scan type. 

 

Table 1 Different combinations of LPBF process parameters utilized for manufacturing the TiNb alloy samples. 

Sample 

name  

Power, 

P (W) 

Hatch, 

h 

(µm) 

Stripe 

Width 

(mm) 

Scanning 

Velocity, 

VL 

(mm/s) 

Layer 

Thickness, 

t (μm) 

Rotation 

(o) 

Energy 

Density, 

Ed 

(W/mm3) 

Laser 

Profile 

350W 350 80 1 350  50 79 350 Gaussian 

(80 µm) 
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650W 650 80 1 650 50 79 350 Top-Hat 

(200 µm) 

950W 950 80 1 950 50 79 350 Top-Hat 

(200 µm) 

 

2.2. Sample Evaluation 

The percentage porosity and percentage of un-melted Nb in fabricated samples were analysed 

via X-ray computed tomography (XCT, Bruker, Germany). X-ray scanning was performed at 

a voltage of 130 kV using a brass filter. The 3D reconstructed volumes are made up of isotropic 

cube voxels with a side length of 5.7 μm. Only pores/inclusions with at least 9 voxels were 

considered to minimize the probability of false segmentation. 3 threshold values were taken 

during the analysis to account for the error [24] and the standard error was obtained. The 

sphericity, Ψ of each pore/particle was determined from: 

where Ф is the volume and П is the surface area of a pore/inclusion. Archimedes principle was 

used to measure the density and the surface melt pool characteristics of the samples were 

examined using confocal microscopy (Confocal microscope, Keyence, Japan). The surface 

profile for as-printed samples was scanned using a height pitch of 0.1 µm. 

2.3. Metallographic Characterization 

The samples were sectioned to reveal the cross-sectional area parallel and perpendicular to the 

build direction (BD). Grit #320 SiC-paper were then used to grind the cross-sections followed 

by a fine grinding with MD-Largo (DiaPro Largo 9 μm suspension, Struers). Finally, the 

samples were polished to a mirror finish using MD-Chem (OPS 0.04 μm suspension + H2O2, 

Struers). Optical microscopy (OM) was employed to assess the quality of the surface finish 

after polishing. The identification of constituent phases in all samples were done by analysing 

𝜓 =
6 ∙ 𝜋

1
2 ∙ Ф

П
3
2

, (2) 
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each sample with X-ray diffraction (XRD, PANalytical Empyrean, Netherlands) using Cu-Kα 

radiation and a step size of 0.01°. Microstructural characterization was conducted with a field 

emission scanning electron microscope (FESEM, JEOL 7600F, JEOL, Japan) equipped with a 

backscatter electron (BSE) detector. Energy dispersive X-Ray spectroscopy (EDS) was done 

to ascertain the composition of phases. Texture analysis was done with electron backscattering 

diffraction (EBSD) analysis using FESEM equipped with an AZtecHKL Oxford detector. The 

EBSD mapping was conducted with a scanning step size of 1.5 μm. 

2.4. Finite Element Method (FEM) simulation  

A simple thermal simulation was performed for a single stripe scan using the finite element 

method (FEM) function in COMSOL Multiphysics to model the melt pool geometry and its 

evolution as a function of the laser scanning parameters in the LPBF process. The solver 

analyses the laser-powder interaction at 350W and 950W to obtain the temperature history of 

the powder and substrate. The temperature evolution due to thermal conduction, convection 

and radiation were obtained by solving the following equations: 

Where, Q is the heat input, qconv is the convective heat lost due to argon gas flow, qrad is the 

radiative heat loss, 𝜌 is the density, 𝑐𝑝 is the specific heat capacity, 𝐾 is the heat conductivity, 

h is the convection heat transfer coefficient (~0.25), σ is the Stefan-Boltzmann constant, 𝜀 

(~0.45) is the emissivity and To (~293.15 K) is the ambient temperature. Radiative and 

convective heat loss are considered on the top surface as the boundary conditions, whereas all 

the other surfaces are thermally insulated. The size of the model is chosen to be sufficiently 

𝑄 = 𝜌𝑐𝑝

𝜕𝑇

𝜕𝑡
− ∇ ∙ (𝐾∇𝑇), (3) 

𝑞𝑐𝑜𝑛𝑣 = ℎ(𝑇 − 𝑇0), (4) 

𝑞𝑟𝑎𝑑 = 𝜎𝜀(𝑇4 − 𝑇0
4), (5) 
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large such that the effect of heat accumulation at the insulated model boundaries does not affect 

the melt pool formation. Meshing was performed with 12663 brick elements with maximum 

and minimum feature size of 75 µm and 25 µm respectively. Mesh convergence analysis 

confirmed that further mesh refinement has insignificant effect on melt pool formation. Time 

step for 350W and 950W were set at 10 and 30 μs respectively. A schematic of this meshed 

model is shown in Figure 2. 

 

Figure 2 Schematic of model to study melt pool evolution during laser scanning. 

 

For the gaussian and top-hat distributions laser beam profiles, Q is estimated from a volumetric heat 

source that is based on the Beer Lambert’s law [25]: 

𝑄𝐺𝑎𝑢𝑠𝑠𝑖𝑎𝑛 =
2𝐴𝑃

𝜋𝑟0
2𝑆

exp (−
2(𝑥2 − 𝑦2)

𝑟0
2 ) exp (

−|𝜆 − 𝑧|

𝑆
)) , (6) 

𝑄𝑇𝑜𝑝 𝐻𝑎𝑡 =
2𝐴𝑃

𝜋𝑟0
2𝑆

exp (−
2(𝑥2 − 𝑦2)5

𝑟0
10 ) exp (

−|𝜆 − 𝑧|

𝑆
)) , (7) 

Where 𝐴 is the absorptivity of laser (~0.17), 𝑟0 is the laser beam radius,  𝜆 is the thickness of the 

simulated volume and S is the laser absorption depth. The  𝑟0 value used for gaussian and top hat 
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beam are 40 µm and 100 µm respectively. The S value in this study is limited to the thickness of 

powder bed (~50 µm). The usage of volumetric heat source had been shown to provide better 

estimation of thermal history over surface heat source [26]. 

The thermophysical properties of Ti34Nb are obtained from commercially available 

thermodynamics software and are listed in Supplementary Information (SI) Table S1. To account for 

the Marangoni effect on heat transfer, the K above the liquidus temperature was artificially increased 

by a factor of 2. 

The modelling framework contains elements of the powder and substrate. Above the liquidus 

temperature, Tm of the powder, it is assumed that the powder and substrate have the same K and ρ. 

However, below the solidus temperature, Ts, The K and ρ of the powder and substrate have the 

following relationships. 

𝐾𝑝𝑜𝑤𝑑𝑒𝑟 = 𝐾𝑠𝑢𝑏𝑠𝑡𝑟𝑎𝑡𝑒(1 − ∅)𝑥 , (8) 

𝜌𝑝𝑜𝑤𝑑𝑒𝑟 = 𝜌𝑠𝑢𝑏𝑠𝑡𝑟𝑎𝑡𝑒(1 − ∅) , (9) 

Where ∅  is the porosity of the packed powder bed, which is 0.4 and  𝑥  ~ 4 is an empirically 

determined exponent  [27, 28]. 

At a temperature intermediate of the solidus and liquidus temperature, K and ρ of the material is 

estimated as [27]: 

𝐾 =
𝐾𝑠𝑢𝑏𝑠𝑡𝑟𝑎𝑡𝑒(𝑇𝑚) − 𝐾𝑝𝑜𝑤𝑑𝑒𝑟(𝑇𝑠)

𝑇𝑚 − 𝑇𝑠

(𝑇 − 𝑇𝑠) + 𝐾𝑝𝑜𝑤𝑑𝑒𝑟(𝑇𝑠), 𝑇𝑠 < 𝑇 < 𝑇𝑚 (10) 

𝜌 =
𝜌𝑠𝑢𝑏𝑠𝑡𝑟𝑎𝑡𝑒(𝑇𝑚) −  𝜌𝑝𝑜𝑤𝑑𝑒𝑟(𝑇𝑠)

𝑇𝑚 −  𝑇𝑠

(𝑇 − 𝑇𝑠) + 𝜌𝑝𝑜𝑤𝑑𝑒𝑟(𝑇𝑠), 𝑇𝑠 < 𝑇 < 𝑇𝑚 (11) 

As the powder undergoes a solid to liquid transformation, upon cooling, it is treated as the solid 

substrate material. 

The latent heat of fusion, ∆𝐻, is incorporated in the modified expression for determining cp, which 

is, 
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2.5. Mechanical Characterization 

Two sets of custom designed mini tensile coupons were produced from the LPBF manufactured 

350W and 950W Ti34Nb samples using electrical discharge machining (EDM). The two 

samples and machined tensile coupons are shown in Figure 3a and b, respectively. Reference 

axes are also indicated in the figure. A schematic of the tensile coupon showing its dimensions 

is displayed in Figure 3c. Uniaxial tensile test were performed on a universal testing machine 

(AG-X plus 10 kN, Shimadzu, Japan)  with a loading rate of 0.024 mm/min. The tensile coupon 

is loaded perpendicular to the build direction (y axis in Figure 3b) and the strain is measured 

with a video extensometer during test (TRview x55s, Shimadzu, Japan). While it is important 

to conduct tests along the build direction such samples could not be designed due to build 

volume limitations of our printing setup and the unavailability of powder.  

A minimum of three tests were performed for each sample. Fractography was performed with 

a field emission scanning electron microscope (FESEM) in the secondary electron (SE) mode. 

Post facto electron back scatter diffraction (EBSD) and back scattered electron (BSE) analysis 

were performed on the side surfaces (x-y plane) of the coupon. 

𝑐𝑝 =
1

𝜌
[𝜃𝜌𝑠𝑜𝑙𝑖𝑑𝐶𝑝,𝑠𝑜𝑙𝑖𝑑 + (1 − 𝜃)𝜌𝑙𝑖𝑞𝑢𝑖𝑑𝑐𝑝,𝑙𝑖𝑞𝑢𝑖𝑑

+ ∆𝐻
𝛿

𝛿𝑇
(

(1 − 𝜃)𝜌𝑙𝑖𝑞𝑢𝑖𝑑 − 𝜃𝜌𝑠𝑜𝑙𝑖𝑑

2[𝜃𝜌𝑠𝑜𝑙𝑖𝑑 + (1 − 𝜃)𝜌𝑙𝑖𝑞𝑢𝑖𝑑]
)] ,  

(12) 

Where θ is the volume fraction of the solid phase. 
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Figure 3 Images of (a) In-situ alloyed parts built via LPBF, and (b) Machined customized tensile coupon. (c) Schematic 

representation of the customized tensile coupon. 

 

3. Results  

3.1. Sample Quality 

In-situ alloyed samples printed by LPBF typically contain pores and unmelted metal particles 

as inclusions. Therefore, the print quality is benchmarked with respect to the porosity and 

inclusion content. The OM images and 3D reconstructed volumes (obtained from XCT) of the 

350W, 650W and 950W TiNb alloy samples are displayed in Figure 4. Pores and unmelted Nb 

inclusions were identified and colour coded with green and red, respectively, for visualization 

purposes. The same are also labelled in the corresponding OM images. 3D reconstructed 

volume from XCT of each sample was analysed with XCT analysis tool and the % volume 

fraction of porosity, UP, was obtained. Similarly, the volume % of unmelted Nb inclusions and 

their median volume equivalent diameter, D50, were also measured. Then, the % unmelted Nb, 

UNb, was calculated from the following equation: 
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Where the volume % of elemental Nb particles in powder mix is 21.3%. Note that the XCT 

analysis can only resolve porosities and inclusions that are larger than a minimum volume 

equivalent diameter of 14.7 μm. Table 2 lists UP, UNb, D50 and the density1 of each sample. In 

the 350W sample, UNb ~0.028%, but is 5 times lower in the 650W sample and further reduces 

to ~0.002% in the 950W sample. Variations in D50 also follows a similar trend i.e. it is 43.6 

μm in the 350W sample but 37.8 μm and 35.8 μm in the 650W and 950W samples, respectively. 

Visual examination of OM images in Figure 4 also validates these observations. This indicates 

that higher laser power assists in-situ alloying by facilitating better melting and mixing of Nb 

particles, which in turn improves compositional homogeneity of the alloy. This trend in the 

reduction of the inclusion size is similar to that seen in a study on in-situ alloyed electron beam 

melted TiNb where lower inclusion size was correlated to increased alloy homogeneity [29]. 

The Ψ distribution of Nb inclusions are shown in Figure S1 in SI. For all samples Ψ is in the 

range of 0.8 - 0.9, which confirms that they are predominantly spherical. 

Similarly, while UP ~0.12% for the 350W sample, no pores were observed in the 650W and 

950W samples via XCT. The pores in the 350W sample (see Figure S2 in SI) have irregular 

shapes with well-defined rims and their appearance matches those of keyhole induced 

porosities [30]. Careful SEM imaging of 650W and 950W samples confirmed the absence of 

fusion porosity and keyhole induced porosity. However, both samples contain negligible 

amounts of spherical gas porosities, which have a diameter > 7 µm. Less than 8 pores were 

detected over an area of 20 mm*15 mm for all samples. Representative SEM images of the 

 

1 The density should not be directly correlated with the volume fraction of porosity in this study as macro-

segregation of unmelted Nb occurs 

𝑈𝑁𝑏(%) =
Volume % of Nb particle detected by XCT in sample (%)

Volume % of elemental Nb particles in powder mix (%)
, (13) 
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different types of pores observed in this study are shown in Figure S2 (SI), while the Ψ 

distribution of the pores in 350W sample is shown in Figure S3 (SI). 

Prior studies on LPBF printed TiNb alloys, observed that builds with lower UNb have a higher 

content of keyhole porosities and vice versa [20, 21]. Therefore, the simultaneous reduction in 

inclusion content and porosity in 650W and 950W samples is a significant breakthrough in 

process optimization of in-situ alloying with LPBF. The  negligible porosity level also implies 

that the practice of including an additional remelting/rescanning step for porosity minimization 

can be discontinued, which will reduce the time and cost of manufacturing [15, 22]. From these 

results it is evident that printing a 950W laser with a top-hat profile and stripe scanning strategy 

is most preferable in terms of build quality, time efficiency and cost savings. 

 

 

Figure 4. X-ray micro CT reconstruction showing the three dimensional porosity and unmelted Nb distribution in the 350W, 

650W and 950W samples. Pores and unmelted Nb are marked in green and red, respectively. Optical microscopy (OM) 

images of the corresponding samples show the two dimensional appearance of these defects. 

 

Table 2 Summary of the defect characteristics and Archimedian density of the three LPBF printed samples. All values are 

quoted with a confidence interval of 99.7%.. 

Sample name 350W 650W 950W 

Porosity volume fraction (%), UP 0.12+-

0.1 

N/A N/A 

Unmelted Nb (%), UNb 0.028+-

0.0024 

0.006+-

0.0005 

0.002+-

0.0002 



16 

 

Median size of unmelted Nb, D50 (µm) 43.6+-

0.9 

37.8+-

0.4 

35.8+-

0.6 

Density (g mm-3) 5.33+-

0.008 

5.36+-

0.006 

5.35+-

0.002 

 

3.2. Phase Constituents and Microstructure 

EDS and XRD data were examined to evaluate the phase compositions and their respective 

constituents in the 3 samples and the results are displayed in Figure 5a and b, respectively. In 

all samples, EDS was performed at locations away from the unmelted Nb inclusions. The Nb 

content in all samples are ~34% and are within ±1% of the target or expected composition. 

This is denoted by a dotted horizontal line in Figure 5a. A definitive trend in compositional 

variations cannot be identified as the scatter will be affected by the resolution limit of EDS.  

On indexing the XRD scans from each sample, only peaks corresponding to a bcc phase were 

detected, which indicates the presence of β-Ti in all of them. According to the phase diagram 

of Ti, the room temperature phase is the α phase that has a hcp crystal structure. Alternately, 

the β phase is stable above the β transus, which is 700 oC. However, if the composition of the 

alloy and cooling rate is suitably adjusted, β-Ti can also be stabilized at lower temperatures. 

For TiNb alloys the ideal composition for ensuring β stability at ambient temperatures is 

determined from the Molybdenum equivalency (Moeq), which is defined as [31]: 

For alloys in the current study, Moeq ~9.52%, which is very close to the prescribed critical value 

of 10% required for  β stabilization [32]. The retention of β phase at room temperature is further 

facilitated by the inherent fast cooling rates associated with the LPBF process. A similar result 

was obtained in a previous study on in-situ alloying of Ti35Nb via LPBF [33], although the 

XRD peaks corresponding to the β phase in this study are comparatively sharper owing to better 

compositional homogeneity of our samples. 

Moeq (%) = 1.0Mo + 0.67V + 0.44W + 0.28Nb + 0.22Ta +1.0Al (wt %), (14) 
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Figure 5 (a) Composition of the three LPBF printed TiNb samples analysed by EDS and (b) their XRD patterns. The error 

bars represent confidence interval of 99.7%. 

Figure 6a displays the SEM images of top view (x-y cross-section) and side view (x-z cross-

section) of 350W, 650W and 950W samples. Specific regions of interest in Figure 6a, which 

are enclosed by blue, red and yellow rectangles are magnified and shown in Figure 6b-d. In the 

side view of the 350W sample, the melt pools, traced by dashed blue lines, have a relatively 

high aspect ratio and contain pores within them. The formation of pores within a melt pool of 

comparatively high aspect ratio provides further evidence that they are keyhole porosities. 

The magnified view of a section from the top view of 350W sample (see Figure 6b) reveals 

that defects such as pores and unmelted Nb are located near the edge of a scan stripe boundary. 

Although it is relatively less obvious in 650W and 950W samples, the unmelted Nb inclusions 

in them are also located near the scan stripe boundary (see Figure 6d). The formation of keyhole 

pores at the scan stripe boundaries of all samples is the outcome of the deceleration or the 

shutting down of the laser beam at the end of the laser scan [34]. A rapid transition in the laser 

speed causes vapour collapse followed by partial infill of liquid metal, thereby trapping gas, 

which in turn leads to pore formation. While this mechanism explains the formation of pores 
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in the 350W sample, the negligible porosity level in the 650W and 950W samples appears to 

be an outcome of other factors, which will be addressed later. 

Alternately, the formation of un-melted Nb inclusions at the stripe boundaries is an outcome 

of fast cooling rates, which limits Nb diffusion away from the stripe edge. Fast cooling rates in 

the vicinity of the scan stripe boundary is facilitated by the rapid heat dissipation to the adjacent 

solidified stripes and the cold unscanned powder, the two of which act as heat sinks. In addition, 

the extent of re-melting near the stripe boundaries is limited, which further contributes to the 

amount of un-melted Nb inclusions. 

A magnified view of the stripe centre region in 350W samples is shown in Figure 6c. This 

region has a coarser cellular substructure compared to that in the stripe boundary region, 

indicating that it experienced a relatively slower cooling rate [35]. Moreover, the grain growth 

direction in the stripe boundary region, near unmelted Nb, is relatively random (see Figure 6b 

and Figure 6d), unlike that in the stripe centre region (Figure 6c), where grains grow along the 

BD.  
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Figure 6 (a) 3D representative microstructures of 350W, 650W and 950W samples imaged in the BSE mode. 

Microstructures of the 350W samples (b) near the end of laser scan track, and (c) middle of laser scan track. d) High 

magnification BSE image of unmelted Nb in the 650W that is enclosed within a yellow rectangle in (a). Dashed lines in (a) 

are used as guides to show the melt pool boundary. 

The (100) pole figures, which are the graphical representation of the textures, of 350W, 650W 

and 950W samples are displayed in Figure 7a-c, respectively. All samples have the {100} fiber 

texture, which implies that the {100} direction of most grains are oriented along BD whereas 

other crystallographic directions have random orientations. Fiber texture is typically associated 

with directional grain growth, which leads to the formation of columnar grains. The multiple-

of-uniform-density (MUD) value, which is also referred to as the ‘texture strength’ and 

describes the relative strength of a particular orientation in the sample w.r.t. other orientations, 

is calculated for {100} and is presented in each pole figure. MUD for 350W is 19.51 but is 

42.38 and 52.02 for 650W and 950W samples, respectively.  

Figure 8a-c shows the grain orientation maps of 350W, 650W and 950W samples, respectively, 

on the y-z cross section with inverse pole figure Z (IPF-Z) colouring. In all samples, the 
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majority of the β-Ti grains are elongated and colored in red, confirming that the microstructures 

predominantly consist of columnar grains with their {100} crystallographic directions oriented 

parallel to the BD. However, the 350W sample also contains a significant fraction of randomly 

oriented smaller grains. Such randomly oriented grains are much lesser in 650W and 950W 

samples. This is consistent with the above-mentioned trend in the strength of fiber texture for 

the three samples.   

Next, the grain widths in each sample is measured and its distribution is shown in Figure 9. 

The average grain width of the 350W sample is 71 μm, whereas that of the 650W sample is 

160 μm. 950W sample has the largest average grain width of 243 μm, which suggests that grain 

coarsening occurs with progressive increase in the scanning laser power. Then, the proportions 

of high angle grain boundaries (HAGBs) and low angle grain boundaries (LAGBs), which are 

defined for grain boundary misorientations, κ >15o and 2o < κ < 15o, respectively, were also 

measured. The percentage of LAGBs in the 350W sample is only 25% whereas in the 950W 

sample it is almost 60%.  

On analysing the grain orientation map of 950W sample (see Figure 8c) further, it was noted 

that almost all stray grains contain an unmelted Nb inclusion at the bottom, which are marked 

by white arrows. Similar observations were made in 650W and 350W samples as well (not 

marked in the images to preserve clarity). This suggests that stray grains prefer to nucleate near 

unmelted Nb inclusions and since 350W samples have high UNb, a relatively higher proportion 

of stray grains are present in them. Alternately, samples 950W and 650W, which have lower 

UNb, exhibit greater grain widening. 

From these results, it is evident that a predominantly columnar microstructure with a strong 

{100} fiber texture and high average grain width can be obtained by implementing the printing 

parameters corresponding to the 650W and 950W sample. 



21 

 

 

Figure 7 Texture distribution represented by the (100) pole figure for (a) 350W (b) 650W, and (c) 950W samples. 

 

 

Figure 8 Representative grain orientation maps (IPF-Z colouring), obtained using electron back scattered diffraction 

(EBSD) for (a) 350W (b) 650W and, (c) 950W samples. (d) Pole figure for 350W. LAGB (2o – 15o) are depicted with gray 

while HAGB (> 15o) with black lines. The white arrows in (c) indicate the presence of un-melted Nb inclusions.  
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Figure 9 Grain width (short axis of columnar grain) distrbution of the  as-printed samples. 

 

3.3. Melt Pool Morphology 

 

The melt pools formed in single stripes were examined with SEM to understand the underlying 

differences in melt pool formation. Figure 10a-c are SEM images of the cross-sections of single 

stripe (cross section perpendicular to the direction of single track scans at the top layer) of 

350W, 650W and 950W samples, respectively. The single stripe of the 350W sample has the 

shallowest melt pool depth, d of ~122 µm, while d ~200 µm and 181 µm for those of 650W 

and 950W samples, respectively (see Figure 10a-c). Variations of d among single stripes are 

unlike what was seen in single tracks (Figure S4 in SI), in which the details can be found in SI.  

Interestingly, the maximum slope of melt pool boundary, θ, which is measured at the 

intersection between the melt track profile and re-melt layer (shown in Figure 10a-c), is smaller 

for deeper melt pools. The slope of the melt pool boundary, θ, in the 350W sample is 28o, 

whereas it is 15o and 16o for the 650W and 950W samples, respectively.  
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Figure 10. Representative SEM images of single stripes (top layer, cross section view) corresponding to (a) 350W, (b) 

650W, and (c) 950W samples. The maximum angle of melt pool boundaries are measured as the angle tangential to the melt 

track profile at the intersection between melt track profile and the re-melt layer. 

The top surfaces of the single stripes are further examined to determine other features of the 

corresponding melt pools. Figure 11 shows the surface topology of the single stripe scans 

corresponding to 350W, 650W and 950W samples. The laser scanning directions are indicated 

by black arrows and superimposed on the scans. Several curved lines, appear on top of all the 

as-built parts, which are identified as solidified traces of ripples that form on the melt pool 

during laser scanning [36]. These ripples, marked with black lines on the images, are analogous 

to those formed on water surfaces from an external disturbance [37]. They travel radially 

outward from the source of disturbance, which is the laser heat source, and terminate at the 

edge of the melt pool boundary. At the edge of the melt pool boundary, the ripples conform to 

the melt pool boundary curvature and solidify when they reach the melt pool boundary. 

Consequently their shape and widths can be approximately equated with that of the melt pool 

boundary. In the 350W sample, the ripples have two distinct portions with different curvatures, 

one perpendicular to the laser scanning path and the other parallel to it. The portion 

perpendicular to the scanning path has a smaller span (~200 μm) and radius of curvature 
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compared to that of the latter, which implies that the melt pool boundary is elongated along the 

direction of the laser scanning path. In contrast, the ripples in 650W and 950W samples span > 

1 mm and have a large but uniform radius of curvature along its length. This implies that the 

melt pool in these samples are significantly larger with roughly semi-circular boundaries. 

Moreover, these ripples’ characteristics also hinted the direction of meltpool velocity, which is 

along the laser scanning direction for 350W but perpendicular to the laser scanning direction 

for 650W and 950W. Equating the ripple span with that of the melt pool width, w, it is 

determined that 350W samples have the melt pool aspect ratio, d/w ~ 0.61, whereas those of 

650W and 950W samples is 0.2 and 0.18 respectively. 

 

Figure 11 A confocal microscopy scan showing the topology of the top surfaces for (a) 350W (b) 650W and (c) 950W 

samples. The red arrows illustrate the stripe scanning path of laser (not to be scaled and meant for illustration purposes 

only). The black lines highlights several frozen ripples within a single stripe scan. 

 

3.4. Thermal analysis of melt-pool 

To understand differences in the evolution of single stripe melt pools in 350W and 950W 

samples, their corresponding thermal profiles were simulated by thermal FEM. The simulated 
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melt pool morphologies of the 350W and 950W samples, after the stripe scans achieve a steady 

state, are shown in Figure 12a and b. Based on the color coding of thermal intensity, the 

positions of the laser source and the melt pool were identified. For the 350W sample, a small 

melt pool can be seen growing along the direction of the laser scan (see Movie S1 in SI). This 

melt pool solidifies shortly after the laser scan moves ahead and since it does not interact with 

the adjacent linear laser scan, the melt pool velocity, Vm,350, can be approximated to be the same 

as the laser scanning velocity, VL,350. 

In contrast, a huge melt pool, whose width is a multiple of the stripe width, forms in the 950W 

sample (see Figure 12b). Such a melt pool is the manifestation of interactions between multiple 

laser passes of constant hatch spacing. Simulations also indicate that due to the high speed and 

power of the laser employed, the melt pool induced by the first scan is unable to solidify 

completely and interacts with the melt pool created by the adjacent scan (see Movie S2 in SI). 

Besides creating an additional melt pool in its location, the adjacent scan provides energy input 

to the existing melt pool and prevents its solidification. This results in the merger of several 

melt pools, resulting in a single large melt pool that spans multiple stripe widths. Moreover, 

the large melt pool grows and traverses perpendicular to the linear laser scan direction (see 

Figure 12b and movie S2 in SI). Hence, the meltpool velocity of the 950W sample, Vm,950, can 

be rewritten as: 

Where H is the hatch spacing and S is the stripe width. The experimental observation of ripples 

formation (Figure 11) well agrees with the simulated melt pool traverse direction. This unique 

type of melt pool dynamics, which results from the interaction between adjacent scan tracks, 

was also observed by Sun et al. in 316L stainless steel when they used an appropriate 

combination of high P and VL and scanning strategy  [38]. 

𝑉𝑚,950 = 𝑉𝐿,950 ∙
𝐻

𝑆
, (15) 
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From equation (15), the ratio of melt pool velocity of the 950W and 350W samples is expressed 

as: 

In this study, 
𝑉𝑚,950

𝑉𝑚,350
=  0.217, which implies that the melt pool velocity using the parameter set 

corresponding to 950W is 4.6 times slower than that of 350W. Figure 12c and 12d are x-z cross 

sections of melt pools associated with the 350W and 950W samples. These cross sections are 

taken from Figure 12a and 12b at the locations corresponing to that observed in experiments 

and displayed in Figure 10a and c. The y-z cross-sections of the same are displayed in Figure 

12e and f. In Table 3, the dimensions and characteristics of the meltpool obtained from 

experiments and simulations are listed and compared. The simulated values of d for the 350W 

and 950W samples are 119 μm and 180 μm respectively, which is very close to that observed 

in experiments. Moreover, a close match is obtained between the experimental and simulated 

values of w, d/w. Note that w is measured in the direction perpendicular to the melt pool motion 

(see Figure 12a and 12b). However, there is a significant difference in the experimentally 

measured and simulated values of θ in the 350W sample, which are ~49o and ~28o, respectively. 

This difference is attributed to the understimation of absorptivity in the simulations of the 

350W sample. Since significant overlap of meltpools smears out the variance in absorptivity, 

a similar divergence in the values of θ in the 950W sample is not observed. Nevertheless, the 

trend in the variations of all parameters in experiments and simulations are consistent for the 

two samples. The good conformance of dimensional aspects evaluated from simulations and 

experiments suggests that the melt pool velocities, Vm, determined via simulations are reliable. 

Based on this premise, it is reasonable to state that the approximate melt pool volumes, 

determined via simulations and henceforth referred to as d×w×l, of 350W and 950W samples 

𝑉𝑚,950/𝑉𝑚,350 = 𝑉𝐿,950/𝑉𝑚,350 ∙
𝐻

𝑆
, (16) 
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would correspond to the actual melt pool volumes. The latter has a d×w×l of 0.15 mm3, which 

is an order of magnitude higher than that of the former.  

 

Figure 12 Simulated temperature profile snapshots, which represents the meltpool evolution in a single stripe during laser 

scanning with printing parameters corresponding to (a) 350W and b) 950W samples. The x-z cross section of the simulated 

profiles at the locations corresponing to that observed in experiments for parameters corresponding to (c) 350W and (d) 

950W samples. y-z cross sections of the same location for (e) 350W and (f) 950W samples. The 200 μm scale bar is 

applicable for figure c - f. 

 

Table 3 Dimensions and characteristics of the melt pool obtained from experiments and simulations. 

Melt Pool 

Characteristics 

350W 950W 

Experiment Simulation Experiment Simulation 

d (μm) 122 119 181 180 

w (μm) ~200 214 ~1000 1167 

l (μm) N/A 600 N/A 706 

d/w 0.61 0.56 0.18 0.15 

θ (o) 28 49 16 15 

d×w×l (mm3) N/A 0.015 N/A 0.15 

*experimental melt pool width estimated from ripple observation 
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3.5. Tensile Properties 

To assess which microstructure vis-à-vis the printing parameters, leads to superior mechanical 

properties, tensile tests were performed on the coupons obtained from 350W and 950W 

samples.  

Their representative engineering stress, σ, vs. engineering strain, ε, responses are shown in 

Figure 13. In the inset, the measured values of Young’s modulus, E, yield strength (YS), 

ultimate tensile strength (UTS), and strain to failure, εf, for the two samples are also displayed. 

The 350W sample has E which is 14% higher than that of 950W sample. This difference is 

expected because although the two samples have similar textures, the former has a higher 

proportion of stray grains, whose E are expected to be slightly higher [39]. The 350W has 

higher YS due to its comparatively finer grain structure, which leads to greater Hall-Petch 

strengthening. However, beyond the yield point, the two samples undergo strain softening and 

exhibit nearly perfectly plastic stress-strain response until failure. Also, the εf of the 350W and 

950W samples are comparitively lower than those of conventionally manufactured TiNb alloys, 

which have εf >8% [40].  
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Figure 13 Tensile stress-strain response of of 350W and 950W samples. All values are quoted with confidence interval of 

99.7%.. 

 

To understand the lack of strain hardening and origin of low ductility of these alloys, post-facto 

microstructural analysis and fractography were conducted on the tensile-tested samples. The 

side surfaces of the samples were polished and examined under the SEM. Figure 14a and b 

display the EBSD band contrast images of these side surfaces for the 350W and 950W samples, 

respectively. Some of these twins and slip bands are also identified in BSE image of the 

unetched 950W sample, as indicated in Figure 14c. While traces of slip bands were observed 

within all grains (marked with yellow arrows in Figure 14a-c), a few twins were also observed 

in some grains, which was mapped by EBSD and superimposed over the band contrast images 

of the two samples. Figure 14d displays the relative fraction of misorientation angles of the 

twins present in 350W and 950W samples. In the 350W sample, only the {112}<111> twin 

system was indexed whereas the two {112}<111> and {332}<113> twin systems were indexed 
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in the 950W sample. Since the EBSD mapping was done on highly deformed and distorted 

areas near the fracture surface, some twin boundaries were not captured. Nevertheless, the two 

samples are expected to contain the same twin systems as they are compositionally alike. In 

Figure 14e and f, the fracture surfaces of the tensile-tested 350W and 950W samples are 

displayed. The two samples exhibit a mix of intergranular and transgranular brittle fracture 

features. Fracture along the keyhole induced porosity can be also be observed on the fracture 

surface of 350W. In contrast, the fracture surface of the 950W sample shows stepped cleavage 

facets with self-similar cleavage angles, which is characteristic of failure occuring in columnar 

grains. Based on these results, the following is a description of the deformation mechanisms in 

the LPBF manufactured TiNb samples: 

On yielding, deformation occurs via planar slip of dislocations on either of {110}, {112} or 

{123} planes, which leads to the formation of several slip bands. Negligible interactions 

between dislocations during planar slip leads to localization, which manifests as strain 

softening in the stress-strain curve. A similar lack of strain hardening was also observed in 

other metastable β-Ti alloys undergoing planar slip during plastic deformation [41, 42]. At a 

later stage of deformation, twins form in the two samples, which could reorient the crystal to 

potentially facilitate slip on multiple planes and lead to interaction between dislocations. 

However, since no change in the strain softening behavior of the two samples is observed with 

continued straining, these twins appear to have an insignificant effect on the overall 

deformation response. One reason for this could be that the volume fraction of twins is lesser 

than that required for interfering with slip in the material. This argument is supported by the 

fact that even at the point of failure, only few twins were observed in isolated grains, whereas 

almost all grains contained a dense array of slip bands. Despite similar deformation 

mechanisms, the 950W sample has higher εf than the 350W sample. This could be attributed 

to the presence of keyhole pores in the latter that serve as stress concentrators and lead to 
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premature failure. Overall, while the 950W sample is superior than 350W sample in terms of 

E and εf, the latter is marginally stronger. Nevertheless, the two alloys exhibit strain softening 

and undergo strain localization during plastic deformation. 

 

 

Figure 14 Post facto EBSD mapping of the side surfaces of tensile-tested (a) 350W and (b) 950W samples showing twin 

boundaries overlaid on band contrast. (c) Post facto BSE micrograph of the side surface of tensile-tested 950W sample. (d) 

Misorientation angle distribution from EBSD analysis in (a) and (b). The representative fracture surface of (e) 350W and (f) 

950W sample.The yellow arrows are used to indicate the slip band traces. The BD and tensile direction (TD) are indicated 

wherever applicable. 
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4. Discussion  

4.1. Mechanisms of microstructure formation 

Melt pool solidification in all samples initiates by columnar grain growth along the build 

direction, as it coincides with the direction of the maximum thermal gradient. In the 350W 

sample, although the microstructure is predominantly composed of columnar grains, the 

formation of several stray grains is also observed. The other two samples also contain similar 

stray grains, albeit in significantly lower proportions. The formation mechanism of these stray 

grains has been a topic of debate in studies where in-situ alloyed β-Ti with Nb or Ta were 

produced via LPBF. Some studies on Ti-37Nb-6Sn (wt%) and Ti-26Nb (at%) correlate the 

stronger {100} texture in the BD with increasing Ed input but do not explain how the texture 

evolved [20, 21]. Sing et. al observed that the stray grains in their Ti-50Ta are an outcome of 

the columnar-to-equiaxed grain transition (CET) in the alloy, which depends on the relative 

magnitudes of the thermal gradient and dendritic growth rate at a location [43]. In contrast, 

Brodie et. al [22] and Huang et. al [44] suggest that heterogeneous nucleation of grains from 

unmelted Ta or Nb particles or processes involving constitutive undercooling of the melt near 

the Ta particle lead to the formation of stray grains in Ti-Ta alloys. Although our observation 

that unmelted Nb inclusions exist beneath a stray grain supports the arguments of Brodie et al. 

and Huang et al., we nevertheless examine the variations in thermal gradient, G and dendrite 

growth rate, R, for the 950W and 350W samples to assess if CET can occur in the absence of 

inoculants. For this, the primary assumption is that the alloy system is assumed to be 

homogenous and that grain nucleation does not occur on un-melted Nb particles. Then, the 

Kurz-Giovanola-Trivedi (KGT) model [45] was used to obtain the relationship between the 

undercooling temperature, ∆Tc and R. Then, the Hunt’s criterion for growth of equiaxed grain 

is applied to obtain a relationship between G and ∆Tc [46]: 
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Where G is the thermal gradient, No is the density of heterogeneous nucleation sites for 

equiaxed grains and Tn is the nucleation temperature. 

∆Tc was replaced with R in Eq. (17) and the parameters used for applying the KGT model and 

Hunt’s criteria were obtained from Ref. [47], which were suitably modified for the current alloy 

composition. Figure 15 shows the plot of R as a function of G, which is referred to as the CET 

curve, and is utilized for identifying specific regimes corresponding to columnar and equiaxed 

growth. As equiaxed grain growth is favoured when G < R, i.e. the region to the left of the 

curve corresponds to the equiaxed grain growth regime. Using the thermal history data from 

FEM, the values of G and R in the melt pool within the mushy zone is evaluated and 

superimposed on the plot (see Figure 15), to examine the grain growth behaviour of 350W and 

950W samples. Data points corresponding to the two samples lie in the columnar grain growth 

regime, which rules out the formation of equiaxed grains at any stage of solidification. The 

alternate mechanism of stray grain growth is schematically illustrated in Figure 16. As the laser 

beam scans the powder bed, a melt pool forms and then solidifies to form columnar grains, 

which grow epitaxially over the previously printed layer. It is also easy to visualize that 

epitaxial growth of {100} grains in the build direction would be favoured when θ is gentler, as 

seen in 950W samples. If the melt-pool contains unmelted Nb, grain growth can occur in its 

vicinity via either of the following mechanisms. The first mechanism suggests that during 

solidification, Nb diffuses into the melt and creates conditions of constitutional supercooling 

in its vicinity, which leads to the spontaneous formation of several nuclei. These nuclei grow 

into grains with random orientations. If this were the operative mechanism, the 950W sample, 

which facilitates maximum diffusion of Nb in its melt pool, would exhibit a greater extent of 

constitutional supercooling and should contain a larger number of stray grains than the 350W 

𝐺 = 0.6𝑁𝑜

1
3∆𝑇𝑐 (1 −

∆𝑇𝑛
3

∆𝑇𝑐
3), (17) 
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sample. The alternate mechanism suggests that Nb is an inoculant and acts as a heterogeneous 

nucleation site for the formation of short columnar grains, along directions that satisfy the 

appropriate orientation relationship. In this scenario, there would only be a few stray grains in 

the vicinity of a Nb inclusion. Since our experimental results show that 950W samples have 

only 1 or 2 such grains near a Nb inclusions (see Figure 8c), the second mechanism, involving 

heterogeneous nucleation, is more likely to facilitate stray grain formation. 

The solidification mechanism also affects the relative proportions of LAGBs and HAGBs in 

the TiNb samples. The rapid cooling and thermal gradient in the melt during LPBF generate 

residual stresses in the solidified material. Repeated heat input from multiple laser scans 

relieves this residual stress and triggers polygonization, which in turn results in the formation 

of several LAGBs in the material [48-51]. This mechanism has also been reported for several 

other Ti alloys where epitaxial growth of columnar grains was observed [21, 52]. However, 

since stray grains form rapidly from a heterogeneous nucleation source, polygonization does 

not occur, which leads to the formation of HAGBs around them. Therefore, the 950W sample, 

which have a lower proportion of stray grains, has a relatively higher proportion of LAGBs 

whereas the converse is true in the 350W sample. 
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Figure 15 Plot of dendritic growth, R, and the thermal gradient, G, for  Ti34Nb. The range of values of G and R in the melt 

pools of 350W and 950W samples are superimposed on the plot to assess the possibility of columnar to equiaxed transition 

of grains. 

 

Figure 16 Schematic of stray grain formation due to unmelted Nb particles. 
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4.2. Melt pool size control by parameter optimization 

From the analysis of the melt pool characteristics, it is evident that d×w×l, Vm, d/w and θ, all 

influence the quantity of unmelted Nb, keyhole porosity and microstructure in LPBF built TiNb 

alloys. A combination of large d×w×l and low Vm such as that seen in 950W sample, promotes 

homogenization by preventing localised melting, lowers the rate of cooling in the melt pool 

and provides enough time for the heat to distribute evenly. Therefore, all the constituents, 

specifically Nb, has sufficient time for diffusing and mixing before the melt pool solidifies, 

resulting in lower content of unmelted Nb in the alloy. The slower cooling rate in the meltpool, 

due to large d×w×l and low Vm, is also the primary cause for grain coarsening in the 950W 

samples. Alternately, lower d/w and Vm of the melt pool ensure that 650W and 950W samples 

have vanishing keyhole induced porosity,  although the exact mechanism for this is still not 

well understood. Nevertheless, it is reasonable to expect that a low aspect ratio (d/w) melt pool 

would be less prone to collapsing and forming shut pores [34].  

Lower θ aligns the thermal gradient along the build direction, which in turn increases the 

strength of {100} fiber texture of the columnar β-Ti grains along the build direction. The 

formation of columnar grains with a dominant {100} texture is also promoted by a large d×w×l 

and low Vm as they suppress unmelted Nb content, which in turn decreases the possibility of 

strain grain formation. Note that, in terms of lower elastic modulus requirements of implants, 

the {100} fiber texture is highly preferred. This is because the Young’s modulus along the 

<100>, E100 ~ 39.5 GPa, which is at least 1/2 and 1/3rd of that along <110> and <111>, 

respectively [39]. A dominant {100} texture will ensure that the polycrystalline alloy has the 

lowest value of E. Note that the preference for obtaining a columnar grain structure in this 

study is exclusively relevant for developing components such as in hip implants and jet engine 

turbine blades, which are directionally loaded. Otherwise, in the absence of these application 
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specific requirements, an equiaxed grain structure is more sought after for its refined grain size 

and isotropic properties. 

From these observations it is evident that a melt pool with a combination of low Vm, low d/w, 

low θ and large d×w×l, is ideal for printing pore free TiNb implants that have {100} textured 

β-Ti columnar grains and minimum unmelted Nb inclusions. As indicated by simulations in 

section 3.4, a melt pool with these characteristics can be developed by printing with high values 

of P and VL. Note that this particular printing recipe is successful only when a sufficiently small 

stripe width, such as the one mentioned in this work, is employed. If the stripe width is 

significantly high or approaches the length of a single track, an existing melt pool would 

solidify before the laser returns to scan the adjacent regions. This would limit interactions 

between multiple smaller melt pools, which is necessary for obtaining the above-mentioned 

combination of Vm, d/w, θ and d×w×l.  

Besides these factors, the influence of the laser profile on the melt pool dimensions is also 

worth examining. We refer to the single-track melt pool dimensions of the 350W and 950W 

samples, which were printed with Gaussian and top-hat profile lasers, respectively (see section 

S1, Figure S4a and c in SI). As can be seen in these images, the melt pool of the former is much 

deeper and narrower than that of the latter, which suggests that the top hat laser profile typically 

leads to a lower d/w. This is expected because a Gaussian profile has a conical shape and 

concentrates the laser energy at its apex (see Figure 1a), thus favouring the formation of a melt 

pool with a high d/w. In contrast, the cylindrical shape of the top hat laser profile distributes 

the laser energy over the scanned area and facilitates the formation of a melt pool with low d/w. 

On the basis of the above-mentioned discussions, which suggests that an optimum melt pool 

should have a lower d/w, the top hat laser profile appears to be more favourable than the 

Gaussian profile.  



38 

 

However, it may be inappropriate to equate the characteristics of melt pools obtained from 

single tracks and single stripes as their formation mechanisms are distinctly different. 

Extending this premise further, it may also be argued that it is possible to obtain the desired 

melt pool attributes by simply employing the ideal combination of P, VL and stripe width, 

regardless of the laser profile. Moreover, there is a possibility that the relatively larger spot size 

of the top-hat laser, compared to that of the Gaussian laser in this study, may be a more relevant 

parameter to consider. To address these arguments, we simulated the thermal profiles of single 

stripes with (a) a Gaussian profile laser and a spot size of 80 μm, (b) a Gaussian profile laser 

and a spot size of 200 μm profiles and (c) a top-hat profile and a spot size of 80 μm, with all 

other parameters corresponding to that used for printing the 950W sample. The simulated melt 

pool geometries of the above-mentioned conditions are shown in Figure S5 (SI). For lasers 

with spot sizes of 80 μm and 200 μm, the top-hat profile laser yields melt pools with identical 

Vm, d/w, θ and d×w×l. Similarly, simulated thermal profiles of melt pools generated by a laser 

with Gaussian profile, but with different spot sizes, are also identical, which implies that the 

spot size has no influence on melt pool characteristics or dynamics. Moreover, the simulated 

melt pool formed by a laser with a top-hat profile is superior to that formed with a Gaussian 

profile as it possesses the ideal combination of Vm,  d/w, θ and d×w×l (see also Movie S1 and 

S2). This confirms that besides P, VL and stripe width, the choice of a laser profile is also 

critical for obtaining the ideal melt pool attributes.  

While prescribing this particular parameter optimization strategy, we also recognize that three 

critical questions could be raised. First, is it also possible to eliminate unmelted Nb completely 

by further increasing P and VL? Although the limitations of our printing setup prevented us 

from testing this hypothesis, it is reasonable to expect that further increasing P and VL, would 

produce a larger melt pool with a reduced cooling rate. Such a melt pool would promote 

complete melting of Nb particles but will also promote grain coarsening, due to a slower 
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cooling rate, and this is undesirable from the mechanical property perspective as coarse-grained 

materials have lower strengths. Also, the formation of a large melt pool limits the smallest 

feature size and compromises the dimensional precision of the build. This is because the size 

of the melt pool is limited by the external dimensions of the build and if the melt pool forms at 

the latter’s edge, the molten material may accidentally overflow or lose shape, which will alter 

the final dimensions of the build. However, this caveat can be resolved by altering the single 

stripe width to limit the dimensions of the melt pool according to the feature size.  

Second, is the prescribed strategy uniquely applicable for in-situ alloying of TiNb using LPBF 

or can it be adopted for pre-alloyed powder to print highly dense parts of any material? We do 

not yet know the answer to this question as we did not apply it on different types of pre-alloyed 

powder. Nevertheless, if the processing parameters required for forming a single stripe melt 

pool with the optimum dimensions are determined, we hypothesise that it is possible to print 

any material with negligible porosity. In the broader context, this implies that the next 

technological advancement towards porosity minimisation in LPBF manufactured materials 

requires dedicated efforts towards determining the processing window, which optimizes the 

dimensions of the melt pool in single stripe than that in a single track. In fact, since the method 

inherently promotes epitaxial crystal growth along the thermal gradient, it is ideal for 

manufacturing single crystal or columnar grained nickel-based superalloys [53, 54].  

Finally, will a defect free TiNb sample built by LPBF be better than that prepared by 

conventional manufacturing methods in all aspects? From the point of view of cost savings, 

time savings and customizability, the LPBF built TiNb samples are much better than those 

manufactured by other conventional means. However, as was noted earlier, there is a large 

scope to improve the ductility of the material by tailoring the microstructure in a way that 

mitigates localization from planar slip. One way to achieve that is to develop an equiaxed and 

fine grained microstructure by tweaking the printing strategy. An alternate way to improve 



40 

 

strain hardening, without modifying the columnar microstructure, is to destabilize the β phase 

further so that profuse twinning occurs, which in turn promotes increased interactions between 

dislocations. Also, it is not clear whether alloys manufactured by this strategy will have better 

structural integrity than that of the conventionally manufactured ones, as their fracture 

toughnesses and fatigue strengths have not yet been evaluated or compared. 

5. Conclusions 

With the objective of minimizing the porosity and unmelted Nb inclusions in LPBF built 

Ti34Nb, three sets of processing parameters, in which P, VL and laser profile were varied, were 

used to print samples. After detailed microstructural investigations followed by simulations 

and mechanical property evaluation of these samples, the following are the key conclusions 

drawn from this study. The combination of high P (~650 W or 950W), high VL (~650 mm/s or 

950 mm/s), a top-hat profile laser and a suitable stripe scanning strategy is ideal for printing a 

fully dense sample with limited content of unmelted Nb inclusions. These parameters result in 

a slow moving, large melt pool, with a small aspect ratio and melt pool angle, in a single stripe. 

This ensures uniform mixing of constituents and also eliminates keyhole porosities. In addition, 

these samples have a {100} textured columnar β-Ti microstructure with a few randomly 

oriented stray grains. The proportion of stray grains increases with Nb content as it is an 

inoculant for heterogeneous nucleation. Since a stronger {100} texture yields the optimum 

combination of low E, a lower unmelted Nb inclusion content is desirable. However, 

irrespective of the Nb inclusion content, the ductility and strain hardening ability of the alloys 

are sub-par as planar slip in β-Ti occurs without hinderance, leading to flow localization. 

Further studies are required to develop strategies that homogenize deformation and mitigate 

planar slip in LPBF printed TiNb, without compromising the strength or E. The broader 

implication of the study is that the porosity-inclusion dilemma can be resolved by adopting a 

parameter optimization strategy, which prioritizes ideal melt pool characteristics in a single 
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stripe as opposed to those in a single track. This is expected to inspire a paradigm shift in 

devising processing windows that can minimize or completely eliminate defects in materials 

manufactured via LPBF methods.  
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