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a b s t r a c t

The interior defect-induced crack initiation mechanism and early growth behavior of

Ti6Al4V alloy fabricated by laser powder bed fusion (LPBF) has been investigated in very

high cycle fatigue (VHCF) regime. PeSeN curves under 10% and 90% failure probabilities are

obtained in VHCF regime. The cracks inside the early stages of fine granular area (FGA)

formation are driven by the maximum shear stress and propagate as Mode II þ III mixed

cracks. It can be found that the FGA region is composed of many discontinuous nanograins

for Ti6Al4V alloys manufactured by LPBF, which are responsible for grain refinement. Grain

refinement is associated with dislocation movement within the martensite laths. Dislo-

cation pileup and rearrangement in martensitic laths form dislocation cells, which further

develop into nanograins and low angle boundaries. Besides, both the fatigue loading pro-

cess and the LPBF process form their respective microvoids, which merge and aggregate

with each other, thus accelerating the microcrack extension.

© 2022 The Author(s). Published by Elsevier B.V. This is an open access article under the CC

BY-NC-ND license (http://creativecommons.org/licenses/by-nc-nd/4.0/).
1. Introduction

With the integration of aerospace structural components and

the demand for lightweight development trends, the tradi-

tional preparation method for Ti6Al4V alloy has become
. Wang), liuyongjie@scu.e
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difficult to meet the requirements for precision and complex

parts. The emergency of additive manufacturing (AM) tech-

nology has been developed to solve the problem of

manufacturing precision components for Ti6Al4V alloy. The

three-dimensional (3D) model data is employed to AM tech-

nology through direct information input, making its
du.cn (Y. Liu).
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Fig. 1 e (a) The spherical powder of Ti6Al4V alloys; (b) size distribution of the Ti6Al4V alloy powder used for the LPBF

process; (c) XRD results of the powder; (d) the printing strategy and scanning paths of LPBFmanufacturing Ti6Al4V alloy rod;

(e) the chemical composition of the powder based EDS.
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development a potential production approach for the aero-

space industry [1]. This technology can be expected to provide

remarkable opportunities, such as providing intricate geom-

etries, saving expensive metal materials, and shortening lead

times [1e3].

As one of the most popular AM technologies, laser powder

bed fusion (LPBF) process is based on the principle of rapid

prototyping by melting solid powder materials through high-

energy lasers, then laying the powder in a layer by layer

approach, cooling and solidifying them, and finally super-

imposed into a 3D part [3]. However, the parameters of the

LPBF process, molding microstructures, and unavoidable de-

fects have a considerable impact on the structural integrity of

Ti6Al4V titanium alloy. The key structural components man-

ufactured by LPBF for Ti6Al4V alloy in the aerospace industry

should be reliable under various complex dynamic loadings in
different environments. Compared to conventional subtrac-

tive fabrication of Ti6Al4V alloy, the microstructure of LPBF

manufacturing Ti6Al4V alloys is finer, resulting in relatively

higher static strength [4]. Furthermore, the internal defects

inside Ti6Al4V alloys fabricated by LPBF hardly reduce the

tensile strength [2,5], so the tensile properties of their parts

fabricated from LPBF Ti6Al4V alloys are usually in line with

the industrial standards and specifications [1,6]. However, as

components of Ti6Al4V alloys fabricated by LPBF process that

require a long service time, the presence of defects within the

materials severely limits the fatigue performance [1,2,7], thus

affecting service life, especially in very high cycle fatigue

(VHCF) regime. It is currently possible to optimize the process

parameters and implement post-treatment processes to

minimize the number of defects and release residual stresses

inside LPBF Ti6Al4V alloys, as well as to homogenize the



Table 1 e The process parameters of LPBF manufacturing Ti6Al4V alloys in detail.

Type Process parameters

LPBF Laser power P Spot diameter Scan speed v Layer thickness, t Line offset, l Energy density, J

Ti6Al4V 500 W 0.08 mm 1010 mm/s 0.022 mm 0.2 mm 112.5 J/mm3
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microstructure to improve the fatigue performance [8e11].

However, it is still not possible to completely eliminate the

defects within the Ti6Al4V titanium alloy fabricated by LPBF

process.

The fatigue performance of LPBF Ti6Al4V alloys is partic-

ularly sensitive to defects in the very-long life service condi-

tion [1,5,10,12]. Although the defects can be closed by the

treatment of hot isostatic pressing to improve the service life,

it still will lead to cracks developing from the defects [9,10]. J.

Günther et al. [10] subjected the LPBF Ti6Al4V alloys to hot

isostatic pressing prior to fatigue experiments in the VHCF

regime. They found that the fatigue properties of the treated

materials were similar to those of conventionally forged ma-

terials. This demonstrated that hot isostatic pressing could

indeed improve the fatigue properties of LPBF Ti6Al4V alloys.

However, considering the large parts and high costs, it makes

the popularization of the hot isostatic pressuring method

difficult. Therefore, defect-induced fatigue failure has become

the focus of research in the LPBF manufacturing Ti6Al4V al-

loys in the VHCF regime. Liu et al. [5] investigated the VHCF

performance of LPBF Ti6Al4V alloys and found that not only

did the size and location of the defects control the fatigue life

but also the shape of the defects dramatically dominated the

fatigue life. The core part of VHCF failure is the fine granular

area, whose formation is attributed to the microstructure of

thematerials and therefore consumes the vast majority of the

fatigue life [13,14], as well as forming a rough zone for crack

initiation. It makes the existing studies focus on the FGA re-

gion, especially on the fatigue failure induced by defects

subjected to the VHCF regime for LPBF Ti6Al4V alloys. Du et al.

[15] studied the fatigue performance of LPBF Ti6Al4V alloys

under two stress ratios up to VHCF regime. They found that

only one nanograin layer existed in the crack initiation zone at

the stress ratio of R ¼ �1. Sun et al. [9] investigated the fatigue

properties of Ti6Al4V alloys fabricated by LPBF after hot

isostatic pressing treatment based on ultrasonic accelerated

vibration fatigue experiments, and they thought that the grain

refinement induced by the interaction of dislocations was

responsible for the mechanism of crack initiation and early

propagation. However, they did not observe how the disloca-

tions interacted with each other specifically. Therefore, the

mechanism of crack initiation and initial propagation based

on dislocation motion is further investigated for LPBF Ti6Al4V

alloys in VHCF regime.

In this investigation, fatigue experiments were performed

on LPBF manufacturing Ti6Al4V alloys up to the VHCF regime

using ultrasonic accelerated vibration fatigue testing equip-

ment. The powder of Ti6Al4V alloys was analyzed using X-ray

Diffraction (XRD) and scanning electron microscope equipped

with an element energy dispersive spectroscopy system (EDS).

The microstructure and fatigue fracture surface of LPBF

Ti6Al4V alloys were identified by SEM. The inner and outer

regions of the FGA were sampled using a focused ion beam
(FIB) system and later observed with a transmission electron

microscope (TEM). The TEM foils were then characterized by

transmission kikuchi diffraction (TKD). The formation mech-

anism of FGA layer and themechanism of crack initiation and

initial propagation were analyzed and discussed.
2. Materials and methods

2.1. Materials

The LPBF technology was employed to fabricate the Ti6Al4V

titanium alloys investigated in the study. The molten pool in

the building environment was protected by pure argon gas to

prevent air from entering, thereby avoiding damaging the at-

mosphere. The spherical powder of Ti6Al4V alloys in Fig. 1(a)

used for fabricating the samples is ~30e70 mm in diameter.

The size distribution of the Ti6Al4V powder is presented in

Fig. 1(b). The powder size used for the LPBF process is mainly

in the range of 50e55 mm. The XRD results of the Ti6Al4V

powder is shown in Fig. 1(c), which can only observe the

presence of a phase. The main chemical compositions of

Ti6Al4V alloys powder are 6.21% Al, 4.00% V, and balance Ti in

wt, respectively, as indicated in Fig. 1(e). The detailed process

parameters of LPBF to produce Ti6Al4V alloys were shown in

Table 1. Combining all LPBF manufacturing parameters, the

input energy density of laser J could be obtained by the

following Eq. (1) to be 112.5 J/mm3.

J¼ P
lvt

(1)

where P means the laser power; l indicates the line offset; v is

scan speed; t shows layer thickness. Moreover, the titanium

alloy substrate was heated to 60 �C before LPBF preparation.

The building strategy and scanning path of LPBF to produce

Ti6Al4V alloys were shown in Fig. 1(d). The final as-built tita-

nium alloy rod manufactured by LPBF with a length along the

z-axis of 70 mm and a diameter of 11 mm was obtained.

A metallographic sample was extracted from a titanium

alloy rod fabricated by LPBF. The sample surface was gradu-

ally mechanically polished to a mirror state using metallo-

graphic sandpapers, and then chemically etched with Kroll's
reagent (75 mL H2O þ 10 mL HF þ 15 mL HNO3 for 10 s) to

expose the microstructure of the sample surface. Finally, the

Olympus GX53 optical microscope (OM) was applied to

observe the sample surface. Fig. 2(a) represents the micro-

structure of LPBF Ti6Al4V alloy along the building direction.

The prior columnar b grains grow along the building direction

and pass through multiple cladding layers, which can be

observed in Fig. 2(a). It is worth noting that a large number of

fine and lamellar a/a0 martensite laths are distributed inside or

outside the b grains, which are attributed to the rapid solidi-

fication rate and large thermal gradient in the molten pool



Fig. 2 e (a) The original microstructure of as-built LPBF Ti6Al4V alloy by OM observation; (b) fine acicular microstructure

under SEM observation; (c) the inverse pole figure of microstructure; (d) the corresponding pole figure.
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[16,17]. The microstructure of the LPBF Ti6Al4V alloy was

further analyzed using scanning electron microscopy (SEM),

and the results were shown in Fig. 2(b). In the SEM image, it is

possible to find many elongated martensitic laths freely

distributed in the microstructure. It was noteworthy that de-

fects formed during the LPBF process were found in this

image. The results of the highmagnification observation were

embedded in Fig. 2(b). A small amount of b phase was

distributed on both sides of the a martensite laths. This indi-

cated that the LPBF Ti6Al4V alloy was mainly dominated by

the a phases with a low content of the b phases. Fig. 2(c)

represented the inverse pole figure (IPF) results of electron

backscatter diffraction (EBSD) characterization of this micro-

structure, which revealed the presence of many elongated

martensitic laths of similar orientation within one grain.

Fig. 2(d) exposed the results of the polar figure (PF) of this

characterized part, where it could be found that there was a

certain strong (0001) texture obtained from the EBSD scan. The
Fig. 3 e (a) The dimensions of ultrasonic fatigue specimen (units

vibration displacement applied to the specimen extremity of H
monotonic tensile experiments of LPBF Ti6Al4V alloy have

been investigated in the previous study [5]. Its ultimate tensile

strength, yield strength, and elongation at failure were

approximately 1078 MPa, 886 MPa, and 19.1%, respectively.

2.2. Ultrasonic fatigue tests

In order to achieve 109 cycles of fatigue loading up to VHCF

regime, USF2000, a commercial ultrasonic accelerated vibra-

tion fatigue equipment, was employed. All ultrasonic fatigue

testers are designed based on the principle of piezoelectric

magnetostriction. The fatigue tester transforms electrical

signals into high-frequency mechanical waves to excite the

specimen, causing the specimen to resonate, thus achieving

the purpose of loading. The fatigue system adopted a sinu-

soidal wave for symmetric tension-compression loading and

had a loading frequency of 20 kHz, which could obtain very-

long life cycles in a relatively short time. The specimen
: mm); (b) stress distribution of variable section when 1 mm

armonic response analysis.



Fig. 4 e SeN results (a) and PeSeN curves (b) of LPBF Ti6Al4V in the VHCF regime.
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design for the ultrasonic fatigue tests is different from that of

the conventional fatigue tests. In conventional fatigue

loading, forced vibration is mostly used, that is, the loading

frequency is inconsistent with the natural frequency of

specimen size. In terms of the ultrasonic loading, the natural

frequency of the specimen itself should be consistent with

that of ultrasonic loading, that is, up to 20 kHz. The resonance

amplitude is a function of specimen geometry, and the stress

amplitude is different in each cross-section [18]. The size of

ultrasonic fatigue specimens tomeet resonance requirements

with a frequency of 20 kHz can be determined by conventional

theoretical calculations and finite element methods. There-

fore, the specimen size of the ultrasonic fatigue tests was

designed by using the finite element methods through the

commercial software ABAQUS in the current investigation.

The results of specimen sizes were as shown in Fig. 3(a). The

minimum section diameter of the designed fatigue specimen

is 3 mm, and the total length of the specimen is 60.8 mm. The

stress distribution of the designed ultrasonic fatigue speci-

mens was calculated by harmonic response analysis with the

software ABAQUS, as presented in Fig. 3(b). The results show

that the specimen of these sizes are subjected to tensile and

compressive vibrations at a frequency of 20,024 Hz. Hence, the

frequency of 20,024 Hz is the intrinsic frequency of the spec-

imen geometry for ultrasonic fatigue loading. It is worth

noting that when a vibration displacement of 1 mm is applied

to the specimen extremity, the maximum stress value in the

middle minimum section of the specimen is 14.82 MPa in

Fig. 3(b). The ratio of themaximum stress value for themiddle

minimum section to the displacement of the specimen ex-

tremity is called the displacement-stress coefficient, in MPa/

mm. So, the calculated displacement-stress coefficient of the

specimen size is 14.82 MPa/mm. In other words, when the ex-

tremity of the fatigue specimen is subjected to a vibration

displacement of 1 mm, the middle minimum section will be

applied with a maximum stress amplitude of 14.82 MPa. The

design of test specimen size and the principles of the ultra-

sonic fatigue test systemwere described in detail by Bathias in

his book “Gigacycle Fatigue in Mechanical Practice” [19]. Dur-

ing the fatigue tests, the vibration displacement of the spec-

imen extremity was adjusted to control the target stress

amplitude required during the fatigue period of the specimen.

For example, to obtain the target stress of 400 MPa, a
displacement of 400/14.82 ¼ 26.99 mm should be input on the

specimen extremity. In addition, compressed cold air was

used to cool the high temperature of specimens attributed to

ultra-high frequency loading to maintain the temperature

within the range of room temperature during the test process.

It is worth mentioning that the loading direction for the fa-

tigue specimen is consistent with the building direction.

2.3. Observation and characterization

The fracture morphology after fatigue failure was observed by

using a SEM-EDS (JEOL6510LV and EDAX) to determine frac-

ture features and crack initiation modes. To further investi-

gate the crack initiation and early propagation mechanism of

FGA, a three-dimension (3D) dual-beam system consisting of a

focused ion beam (FIB) and a SEM (SEM-FIB, JIB4700F) was

employed to conduct fixed-point sampling at the crack initi-

ation zone. One TEM thin foil sample was extracted inside the

FGA region and close to the defect, and the other was outside

the FGA and in the stable crack growth region. The TEM foils

were extracted along the loading direction, that is, the build-

ing direction. During FIB milling, the fracture surface of the

extracted sample was protected by a platinum (Pt) layer.

When the FIBmilling was complete, the transmission electron

microscope (TEM, JEM-F200) was applied to observe the TEM

thin foils extracted by FIB milling to reveal the dislocation

distribution. Moreover, the crystallographic orientation of

TEM foils was further analyzed by using the Transmission

Kikuchi Diffraction (TKD) technique at high resolution. The

Channel 5 software was employed to analyze the TKD results.

The distribution of plastic deformation ofmicrostructure after

fatigue was determined by the Kernel average misorientation

(KAM) mapping.
3. Results and discussion

3.1. Fatigue lifetime

Fig. 4(a) presents the SeN (i.e. stress amplitude e fatigue life-

time) results of LPBF Ti6Al4V alloys in the VHCF regime at

room temperature. The SeN results show that the fatigue life

can increase as the applied stress amplitude decrease and that



Table 2 e The mean and standard deviation of
logarithmic fatigue life (logNf) at different stress
amplitudes for LPBF Ti6Al4V alloys.

Stress amplitude (MPa) 280 320 360 400

Mean, m 8.7460 7.7169 7.1115 6.7617

Standard deviation, S 0.1694 0.2481 0.2755 0.2311

Number of fatigue data, n 5 5 5 5

Fig. 5 e The normal distribution of fatigue life at different

stress amplitudes.
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there is no conventional fatigue limit for LPBF Ti6l4V alloys.

The fatigue lifetime of LPBF Ti6Al4V alloys varies from 105 to

109 cycles, while the corresponding stress amplitude varies

from 440 MPa to 280 MPa in Fig. 4(a). At 109 cycles, the fatigue

strength of LPBF Ti6Al4V alloys is closed to 280MPa,which can

be regarded as the fatigue limit for LPBF Ti6Al4V alloys in the

VHCF regime.

The classic three-parameter formula (i.e. ðsa � swÞa �
Nf ¼ b) was employed to assess the SeN curve of LPBF Ti6Al4V

alloys, where sa was the stress amplitude; Nf showed the fa-

tigue life; sw, a and b were some material-dependent con-

stants [20]. Using the least-squares method to fit the fatigue

data with this formula, the specific values of sw, a and b can be

determined, so that the relationship between the stress

amplitude and the fatigue life can be obtained, that is,

ðsa � 198:5Þ5:584 � Nf ¼ 2:988E19.

Considering the material inhomogeneity, processing devi-

ation, environment and other factors affecting the fatigue test

results, this makes the fatigue test data have a large disper-

sion. The SeN curve fitted by the three-parameter formula had

only a 50% high failure probability in Fig. 4(b) and is not

therefore unsuitable for further applications of LPBF Ti6Al4V

alloys in aerospace and other related fields. In the design and

assessment of metallic components, in addition to stress

amplitude and fatigue life, the probability of failure is also an

important parameter to ensure safety and reliability in ser-

vice, and therefore the probability of failure should also be

taken into account [21]. It is generally known that the fatigue

probabilistic SeN (PeSeN) curves under different failure

probabilities are more applicable for the fatigue strength

design. For fatigue strength design, it is more applicable to

obtain the PeSeN curves of materials under different failure

probabilities. The PeSeN curves effectively solve the uncer-

tainty introduced by the dispersion of fatigue life of materials,

so that they can be used as a more intuitive basis for strength

design. In addition, the PeSeN curves can express the rela-

tionship between stress amplitude and fatigue life at different

failure levels to determine the degree of life dispersion of the

material at different stresses.

Before describing the PeSeN curve, the distribution of

logarithmic fatigue life (log Nf ) for LPBF Ti6Al4V alloys under

each stress amplitude condition is examined using the cu-

mulative probability function form of the normal distribution,

which is as follow:

P
�
N < Nf

�¼
Zlog Nf

�∞

fðNÞdN¼ 1
2

n
1þ erf

h�
log Nf �m

�. ffiffiffiffiffiffiffiffi
2S2

p io
(2)

where erf(x) means the Gauss error function, m is the mean

value of log Nf , S depicts the standard deviation. First, consider

the number of fatigue data points under each stress amplitude
as n, where the number of fatigue data points under each

stress amplitude is 5, that is, n ¼ 5. Then, the 5 fatigue data

points under each stress amplitude are sorted from low to

high in the order, and the sorting number is i (i ¼ 1, 2, 3, 4, 5).

Next, divide the sorting number by (nþ1), (i.e. i/(nþ1)). The

relevant data parameters for the log Nf probability distribution

examination are given in Table 2. Thus, the cumulative

probability curves of log Nf for each stress amplitude are pre-

sented in Fig. 5, which indicate that the log Nf results under

each stress condition followed the normal distribution. Based

on these, the fatigue life distribution curves of LPBF Ti6Al4V

alloys under different failure probabilities in the VHCF regime

could be obtained using the three-parameter formula:

(1) 10% failure probability: ðsa � 234:4Þ3:403 � Nf ¼ 4:061E14

(2) 90% failure probability: ðsa � 263:7Þ2:316 � Nf ¼ 2:474E11

Therefore, the failure probability of PeSeN curves at 10%

and 90% in the VHCF regime are also represented in Fig. 4(b),

and the results show that the PeSeN curves are a good way to

assess the fatigue life distribution of LPBF Ti6Al4V alloys at

each stress amplitude in the VHCF regime.

3.2. SEM observation of fracture surface

Fig. 6 presents a typical internal fracture with similar char-

acteristics to the internal fracture of high-strength steels

induced by inclusions in the VHCF regime, except that the

cracks are initiated by defectswithinmaterials. Different from

traditional wrought titanium alloys, where cracks mainly

originate in the weak primary a phases [22,23] and sites with

heterogeneous phase distribution inside materials [24], the

cracks in LPBF Ti6Al4V alloys are almost always initiated from

internal defects, either regular defects formed by escaping gas

or the irregular defects produced by lack of fusion. In Fig. 6(a),

it can be found that the fatigue fracture of internal crack

initiation is divided into 4 zones, namely the outermost

instantaneous fracture zone, followed by the rapid crack

propagation zone and the stable crack propagation zone, as

well as the most central crack initiation zone. In the crack



Fig. 6 e Internal fatal defect induced fatigue failure: (a) Overall fracture surface; (b) FGA with the defect in the crack initiation

zone; (c) uneven morphology around the defect; (b) schematic diagram of defect induced crack initiation and propagation

(sa ¼ 280 MPa; Nf ¼ 3:510� 108).
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initiation zone, an irregular elongated defect is found. It can be

explained that the defect induced crack initiation and early

propagation during the fatigue process. A circle of the fine

granular area around the fatal defect is called the FGA in
Fig. 7 e (a) Morphology of crack initiation zone and crack surfac

illustration of the crack early propagation in the FGA (sa ¼ 280
Fig. 6(b). Further observation reveals that the particle size in-

side the red dashed line around the defect is smaller than that

outside the red dashed line, and the particle size outside the

dashed line gradually decreases with the distance away from
e location exposed by FIB in (b) and (c); (d) schematical

MPa; Nf ¼ 3:510� 108).



Fig. 8 e (a) Crack surface location outside the FGA exposed by FIB in (b) (sa ¼ 280 MPa; Nf ¼ 3:510� 108).
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the defect in Fig. 6(c). Fig. 6(d) shows a schematic diagram of

the fracture surface of the defect-induced internal crack

initiation and propagation in VHCF regime for LPBF Ti6Al4V

alloys.

The formation of four distinct crack propagation zones in

the fracture surface is related to the stress intensity factor (K)

at the crack tip. When the stress intensity factor (K) is less

than the steady-state propagation threshold (Kth) for defects-

induced internal crack (K < Kth), the microcracks that initiate

from the fatal defect are affected by the martensitic laths in-

side the LPBF Ti6Al4V alloys, and the microcracks develop-

ment fragments the martensitic laths, resulting in the

formation of FGA [5]. This microcrack propagation process in

the FGA region consumes almost all of the fatigue life [25].

When the stress intensity factor (K) at the crack tip reaches the

threshold value (Kth) (K ¼ Kth), the crack transforms from short

crack propagation to long crack propagation. Then, the main

crack propagates at a steady rate, which is in accordance with

the Paris law, and thus a stable crack propagation zone is

formed outside the FGA as the center when the stress factor

intensity factor (K) at the crack tip is more than the threshold

value (Kth) (i.e. K > Kth). As the crack length increases, the stress

intensity factor (K) at the crack tip further increases, the crack

propagation rate also increases, and the crack propagation

enters the rapid crack propagation zone. Eventually, the

instantaneous fracture can occur.

3.3. Early crack propagation behavior

The morphology of the crack initiation zone adjacent to the

fatal defect was performed using a 3D dual-beam SEM-FIB,

and the results were shown in Fig. 7. The fatal defect presents

an inclined trend in the crack initiation area, that is, thewhole

FGA is not the plane shown in Fig. 6(b). There are much finer

roughness around the fatal defect in the tilted surface (inside

the red dotted line). The particle features outside the red

dotted line have a higher roughness, and gradually decrease in

roughness as they get further away from the defect. For the

patterns with finer roughness around the defect, it might be

attributed to the ultra-low crack expansion rate depending on

the sensitivity to microstructure under the fatigue loading

process. After FIB milling in Fig. 7(b), the short crack propa-

gation profiles on the fatal defect side could bewell exposed to

elucidate the crack driving forces. The orientations of short

crack propagation close to the defect side in Fig. 7(b) are 45.9�
and 45� concerning the loading direction. It can be speculated

that the short crack propagation inside the FGA region along

the directions (45.9� and 45�) is close to the direction of

maximum shear stress. Then, the crack propagation path is

deflected to 34.1�. Next, the short crack propagation orienta-

tion is extended at 43.6� / 37.7� / 43.5� with respect to the

tensile axis. This illustrates the branching phenomenon of

short cracks in the initial extension in the crack initiation

zone. Unfavorable grain orientation may impede crack prop-

agation in one direction, thus resulting in a relatively large

angular deflection. Fig. 7(c) shows the entire TEM foil, and it

can be found that the orientation of the entire fracture surface

is evaluated as about 40�, which is very close to the maximum

shear stress direction. This implies that when the fatigue life

of LPBF Ti6Al4V alloys is up to VHCF regime, the initial prop-

agation of short cracks in the crack initiation zone is driven by

the maximum shear stress. In other words, the maximum

shear stress provides the driving force for the early formation

of FGA in the VHCF regime. From the fracturemechanics point

of view, the short cracks in the early stages of FGA formation

are Mode II and III owing to the fact that the orientation of the

initial crack extension direction is not strictly parallel to the

direction of maximum shear stress (45�) [26]. Moreover, in the

TEM foil from Fig. 7(c), several microvoids can be found to

exist, but it is impossible to determinewhether these originate

from defects produced by the LPBF process or formed during

the fatigue process. Considering the “number cyclic pressing”

(NCP) model proposed by Hong et al. [27], the formation of

microvoids in the FGA is evident. The initial crack surface is

reciprocally pressed to break the martensitic laths in the

microstructure, which leads to the formation of microvoids in

the crack weakness zone. The formation of suchmicrovoids is

attributed only to the fatigue loading process. Regarding the

LPBF process, they may be derived from the lack of local laser

energy. However, microvoids are able to promote crack

expansion during fatigue loading. Fig. 7(d) shows the sche-

matic diagram of the initial extension of short cracks within

the FGA region for LPBF Ti6Al4Vs alloy in the VHCF regime.

Under the action of cyclic loading, stress concentration occurs

in the defects. Short cracks are formed that propagate asMode

II þ III cracks and are driven by the maximum shear stress.

And then, due to the resistance ofmicrostructure and very low

crack extension rate, the grains around the defects are grad-

ually refined while forming inclined planes around the

defects.



Fig. 9 e TEM observations of the extracted FIB sample near the fatal defect: (a) the fatigued microstructure morphology

underneath the fracture surface profile of the FGA region; (b) Dislocation cells and martensitic lath fragmentation; (c)

corresponding DF image of (b) (sa ¼ 280 MPa; Nf ¼ 3:510� 108).

j o u r n a l o f m a t e r i a l s r e s e a r c h and t e c hno l o g y 2 0 2 2 ; 2 1 : 2 0 8 9e2 1 0 4 2097
Fig. 8 shows the FIBmilling in the direction of crack growth

outside the FGA region to expose the crack growth profile. It

can be found that the crack growth profile is basically

perpendicular to the loading direction. This indicates that the

crack growth in this region is driven by tensile normal stress

and extends as Mode I cracks. Besides, on the side close to the

FGA region, the presence of microvoids can also be found. In

general, the growth driving force of the crack inside the FGA is

inconsistent with that of the crack outside the FGA, and the

crack growth model is also inconsistent, as shown in Fig. 7(d).

3.4. Dislocations induced FGA formation

FGA is commonly found in various metallic structural mate-

rials, such as titanium alloys [20,28], high strength steels

[27,29,30], aluminum alloys [31], etc. The life required for FGA

formation is over 95% of the total fatigue life [13,32], making it

the most central feature in VHCF regime. Therefore, most

investigations of VHCF have focused on FGA to point of

revealing its formation mechanism depending on the sensi-

tivity to microstructure.

In the current investigation, a foil was precisely extracted

in the interior of the FGA region near the fatal defect from the

failed sample in Fig. 7 up to VHCF regime for TEM observation

using the FIB technique along the loading direction and the

examination result was presented in Fig. 9. Fig. 9(a) represents

the TEM bright-field (BF) image of the fatigued microstructure

morphology underneath the fracture surface profile of the

FGA region. From this figure, it can be clearly seen that there

are dislocation cells with lower dislocation density heteroge-

neously distributed below the fracture surface profile,

constituting an FGA layer with a thickness of about

500e1000 nm. The martensitic lath fragmentation of the
fatigued microstructure can also be seen in Fig. 9(a). Subse-

quent observations in Fig. 10 also confirm this result. In

addition, some nano-scale microvoids can be observed in the

FGA layer and close to the fracture surface in Fig. 9(a). And the

existence of these microvoids may originate from localized

damage during the crack initiation and early propagation

process. Moreover, the formation of microvoids in the FGA

layer for titanium alloy Ti6Al4V in VHCF regime has already

been confirmed by other references [24,33]. The size differ-

ences of microvoids illustrate different stages of damage

development under cyclic loading. Internal nano-scale

microvoids located in the FGA region during VHCF regime

are considered to be a precursor to the start of interior crack

initiation. Certainly, microvoids coalescence leading to crack

initiation has been demonstrated in some studies [24,33]. It is

noteworthy that a martensite lath penetrates the entire TEM

foil, which indicates the original lamellar microstructure in

Fig. 2. A highmagnification observation of the local area in the

FGA layer in Fig. 9(a) is presented in Fig. 9(b) and (c), where

Fig. 9(c) is the dark-field (DF) image. In Fig. 9(b), the dislocation

cells with lower dislocation density and the result of the

martensitic lath fragmentation can be further found. This

further demonstrates that the dislocation cells are not ho-

mogeneously distributed in the FGA layer. The dislocation cell

structures were also observed in the FGA layer of stainless

steel subjected to VHCF by Zhu et al. [34]. Fig. 9(c) presents the

nanograins with different sizes. This seems to imply that the

FGA layer is composed of many discontinuous nanograins.

The fatiguedmicrostructure below the fracture surface profile

in the FGA region is refined under the cyclic loading process in

VHCF regime, thus resulting in nanograins in the LPBF Ti6Al4V

alloy. So microstructural evolution plays an instrumental role

in the cyclic deformation process subjected to VHCF regime.



Fig. 10 e High magnification TEM images to observe the FGA layer: (a) the fragmented martensitic lath with high-density

dislocations and dislocation cells; (b) annihilation of low angle boundary; (c) and (d) high-density dislocations and low angle

boundaries of nanograins (sa ¼ 280 MPa; Nf ¼ 3:510� 108).
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During cyclic deformation, microstructural evolution is

highly associated with dislocation interactions and rear-

rangement [9,34,35]. Moreover, M. Koster et al. [36] indicated

the dislocation cell structure in the FGA region could allow the

formation of small subgrains or low-angle grain boundaries of

medium carbon steel in VHCF regime, which promoted the

formation of discontinuous nanograins layer. In order to

further determine the role of dislocation evolution in the

formation of FGA for the LPBF Ti6Al4V alloys, the nanograin

layer was observed by TEM at high magnification, as pre-

sented in Fig. 10. A large number of inhomogeneous and high-

density dislocations are prevalent in the fragmented

martensitic laths and the dislocations pile up towards the

grain boundaries. This indicates a significant strain localiza-

tion in the deformation behavior of the martensitic laths.

Moreover, the dislocation cells can also be found in Fig. 10(a).

The annihilation of low angle grain boundary makes the

dislocation density between the two nanograins decrease in

Fig. 10(a). Fig. 10(b) further verifies the presence of annihila-

tion of low-angle grain boundary aswell asmartensite pattern

with high dislocations. Fig. 10(c) depicts the results presented

by rotating the TEM sample in Fig. 10(a) at a certain angle. The

presence of the nanograin with low angle boundary and high-

density dislocations inside the martensitic laths around the
grain boundaries is still observed in Fig. 10(c). The dislocation

cell structure is surrounded by a low-angle boundary to

further develop the nanograins. Fig. 10(d) also reveals the

presence of dislocation entanglement and the formation of

low angle boundaries for nanograins in the FGA layer, which is

responsible for dislocation rearrangement and interaction.

This implies that the formation of the FGA layer is associated

with dense dislocation distribution and low angle boundaries

formed by dislocation rearrangement. There are indeed dense

deformation dislocations inside the fragmented martensitic

laths in Fig. 10(d). The dense dislocations are found to rear-

range to form low angle boundaries. The formation of low

angle boundaries can prove that the current nanograins in the

FGA layer are in fact subgrains.

The distribution of dense dislocations in the FGA layer

suggests a severe plastic deformation of the microstructure in

this region. During the fatigue loading process, significant

local stress concentrations occur in the vicinity of the fatal

defect within the LPBF Ti6Al4V alloys, resulting in strain in-

compatibility or stress gradient in the microstructure. The

accumulation of the number of cycles makes the strain

localization effect increase and the activity of dislocations

intensifies. The dislocations become entangled and rear-

ranged, thus forming dislocation cell and low angle



Fig. 11 e TEM observations of the extracted FIB sample outside the FGA region in Fig. 8: (a) BF image; (b) Corresponding to DF

image (sa ¼ 280 MPa; Nf ¼ 3:510� 108).
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boundaries, then the grains possessing low angle boundaries

partially develop into subgrains in the nanoscale (i.e. nano-

grains) alone. Moreover, in Fig. 10, it is also observed that

nano-scale microvoids are unevenly distributed in the FGA

layer.

TEM sampling of the stable crack propagation zone outside

of the FGA region was performed using the FIB and then

observed, and the current microstructure examination results

for the entire sampling area were shown in Fig. 11. No pres-

ence of nanograins was detected in the microstructure char-

acterization after fatigue below the fracture surface profile in

Fig. 11(a). Very low dislocation density is also present below

the fracture surface profile. The corresponding DFmapping in

Fig. 11(b) also reveals that no nanograins are present at this

location. However, dislocation rearrangement can still be

observed in one of the martensitic lath below the fracture

surface profile. This represents the passage of the main crack,

which has allowed a certain degree of plastic deformation of

the surrounding microstructure. The stress intensity factor

range of the FGA region edge (KFGA) is considered to be the

threshold value for stable crack expansion (Kth) [5]. When the

crack propagated beyond the FGA region, the stress intensity

factor range at the crack tip is greater than the threshold value

(Kth), and the crack propagation rate is higher. The crack

passes through themicrostructure rapidly, and the sensitivity

to microstructure is weaker. It is not limited by the micro-

structure, and it is difficult to form nanograins regions. In

contrast, for the interior of the FGA region, the stress intensity

factor range of the crack tip is lower than Kth, the crack

extension is limited by the microstructure. The sensitivity to

microstructure is higher, and the crack extends at ultra-low

speed in the microstructure, thus promoting nanograins

formation.

3.5. TKD analysis of the extracted samples

Fig. 12 represents the TKD characterization results with

scanning step size of 10 nm of the TEM foil by FIB milling in

Fig. 7 inside the FGA region. Fine grains in the nanoscale can
be found below the fracture surface profile. This verifies that

the FGA layer is indeed composed of many discontinuous

nanograins. In addition, the microstructure examination also

shows a whole grain characteristic, that is, the bottom part of

FGA layer has the same grain orientation and no grain

boundaries are observed. This means that under the action of

cyclic loading, the grains near the fatal defect are refined, and

the re-formed subgrain structure has a different grain orien-

tation. The kernel average misorientation (KAM) was

employed to evaluate the local strain gradient distribution of

the currently fatigued microstructure [37], as shown in

Fig. 12(b). It can be found that the KAM peak values of FGA

layer are much higher than that of the intact grains below it,

which implies the presence of severe plastic deformation in

the nanograin layer and also indicates a higher dislocation

density. The TKD results also support the results that are

observed by TEM observation. Further careful observation

reveals that the KAM peak values near the grain boundary in

the newly formed nanograin are higher than the KAM peak

values inside the nanograin. This result demonstrates that

low angle boundaries formed by the dislocation rearrange-

ment in nanograins do exist. And then in the grain boundary

diagram in Fig. 12(c), a large number of low angle boundaries

are present in the FGA layer, and the increase in the number of

low angle boundaries also reflects the increase in strain

localization, i.e., the increase in dislocation density, which can

promote crack propagation [38]. More importantly, this sub-

stantiates that the low angle boundaries are formed by

dislocation rearrangement, which is consistent with the re-

sults observed byM. Koster et al. [36] formediumcarbon steels

subjected to the VHCF regime. Therefore, it can be speculated

that the formation of low angle boundaries does not depend

on the type of material, but only on the conditions of applied

loading.

In order to better understand the distribution of nano-

grains size inside the FGA layer, we extracted the FGA layer

using the software Channel 5, and the corresponding results

were shown in Fig. 13. It can be observed that almost all of the

nanograin exhibit equiaxed features in the morphology in



Fig. 12 e TKD results inside the FGA region based on TEM observation in Fig. 9; (a) IPF mapping of fatigued microstructure

below fracture surface profile; (b) KAM mapping of the current position; (c) grain boundary of IPF mapping (sa ¼ 280 MPa;

Nf ¼ 3:510� 108).
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Fig. 13(a) while differing from the initial microstructure with

fine and acicular features in Fig. 2. Under cyclic loading, the

grain morphology in the FGA layer is transformed. All the

nanograin sizes are distributed within 800 nm, 46% of them

have the diameter in the size range of 100 nm, as depicted by

the strong peak in Fig. 13(b). The proportion of nanograin sizes

larger than 300 nm is small, and theymay not be the final form

of martensitic lath fragmentation. It is worth noting that the

grain size may increase further away from the fracture sur-

face, where the microstructural is less affected by cyclic

loading. Although the size of nanograin has been widely re-

ported, such as Hong et al. [27] (50 nm in high-strength steel),

70 nm reported by Grad et al. [30]. These dimensions of

nanograin appear to be consistent with those in our LPBF

Ti6Al4V alloy subjected to VHCF regime, that is, all within

100 nm. In summary, the grain morphology and size distri-

bution in the FGA region of the LPBF Ti6Al4V alloy were

significantly altered, which was attributed to the action of

large amounts of cyclic reciprocal loading.

Fig. 14(a) represents the phase diagram of the FGA layer

with nanograin. The content of b phases is rarely and

sporadically distributed in the FGA region, and most of the

FGA layer is a phases. Fig. 14(b) demonstrates the pole figures

of seven selected a grains and three b grains. The purpose here

is only to verify the Burgers orientation relationship (BOR)
Fig. 13 e Nanograin size measurement: (a) FGA layer with nano

(sa ¼ 280 MPa; Nf ¼ 3:510� 108).
between the b grains and selected a grains after martensitic

lath fragmentation. From Fig. 14(c), it can be found that the

nano-sized a grains formed after undergoing grain refinement

in the FGA layer and the three b grains strictly satisfy the

relationship between the slip planes (0001)a//{110}b in the

BOR, but not the relationship between the slip directions

<11e20>a//<111>b. In other words, the newly formed a

nanograins after cyclic deformation still maintain a strict BOR

relationship with its b phase. This seems to be the first time

that the recrystallized a and b phases have been confirmed in

the nanograin layer of FGA still obeying the BOR relationship

in VHCF regime.

Fig. 15 expresses the TKD characterization results of the

TEM sample by FIB milling of the outside FGA region. In

contrast to Fig. 12, the presence of nanograins is not found

below in the fracture surface profile, which is also consistent

with the TEM observation in Fig. 11. However, the presence of

three nanograin-like shapes of different sizes but with the

same orientation is found away from the fracture surface

profile, as shown in Fig. 15(a). Nevertheless, these grains are

found to be b phases by the phase diagram in Fig. 15(c), which

is consistent with the distribution of b phases observed in

Fig. 2(b), that is, b phases are sporadically distributed at the

boundary of a phases. In the KAMdiagramof Fig. 15(b), there is

no area of high KAM values below the fracture surface
grains; (b) statistical distribution of diameter of nanograins



Fig. 14 e (a) Phase mapping of FGA layer; (b) the corresponding pole figures of selected a phase and b phases in the FGA

layer, showing that the refinement of the formed a phases obey the Burgers orientation relationship with b phases (sa ¼
280 MPa; Nf ¼ 3:510� 108).
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contour, which differs from that in Fig. 12(b). The nanograins

formation in the crack initiation zone expends a large amount

of lifetime, while the lifetime consumes in the crack propa-

gation zone is almost negligible, lacking the role of NPC, so it is

also difficult to form nanograins on the fracture surface.

Moreover, compared to other regions of the a phases as re-

flected in Fig. 15(b), the presence of higher KAM peak values in

the three b phase locations are found, which indicates the

presence of high strain gradients, i.e., high dislocation density

in the b phases. This describes the fact that the b phases are

more prone to plastic deformation under the samemagnitude

of external loading. It is generally known that the b phase in

aþb titanium alloys is softer compared to the a phase [39,40].

The results in Fig. 15(b) confirm that this is also present in the

LPBF Ti6Al4V alloys. In addition, it is noteworthy that the b

phases are all located at the sharp corners of the a-phase grain

boundaries. Under the action of external loadings, the sharp

corner locations are more pronounced to stress or strain

concentrations, which induce higher plastic deformation and

dislocation density.

3.6. Mechanism of crack initiation and early
propagation

Grad et al. [30] reported the formation mechanism of FGA for

high-strength steels in VHCF regime. They confirmed by

means of FIB-TEM that FGA is constituted by fine grains and
Fig. 15 e TKD results outside the FGA region in Fig. 11; (a) IPF ma

Nf ¼ 3:510� 108).
observed the dislocation arrangement in the high-strength

steel, followed by the transformation into dislocation cells

and then the formation of subgrains and low-angle grain

boundaries as they proposed the mechanism of localized

grain refinement at the crack tip. Chai [41] also concluded that

the fine-grain layer was derived from localized cyclic plastic

deformation around the defects or inclusions for martensitic

steel subjected to the VHCF regime. Sun et al. [9] also identified

grain refinement as a result of interactions between disloca-

tions that are dependent on high strain localization of

microstructural inhomogeneities. Under tensile-compressive

loading (R ¼ �1), D. Spriestersbach [42] suggested that local

plastic deformation around inclusions leads to continuous

dislocation motion during VHCF loading for high strength

steel, where favorable dislocation arrangements will form and

remain randomly, after which dislocations develop into an

energetically favorable state in the form of dislocation cells.

With the continuous growth of lifetime, some dislocation cells

with high-density dislocations will stimulate the formation of

new grain boundaries tominimize the local elastic energy [42].

For discontinuous fine-grain layers, many investigations

[9,27,41,43] have confirmed that the microscopic nature of the

FGA region is a thin nanograin layer [27] and that the forma-

tion process of the FGA region is a continuous grain refine-

ment process [30]. A considerable number of models have

been proposed for the origin of nanograins, such as the NPC

model proposed by Hong et al. [27].
pping; (b) KAM mapping; (c) Phase mapping (sa ¼ 280 MPa;



Fig. 16 e Schematic diagram of grain refinement process for martensitic laths.
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In the VHCF regime at R ¼ �1, the accumulation of local-

ized massive compression cyclic deformation on the internal

crack surface with crack closure effect makes microstructural

fragmentation (i.e. martensitic laths fragmentation in the

LPBF Ti6Al4V alloy) and grain refinement [9,27,44]. Fig. 16

demonstrates a schematic diagram of the grain refinement

process ofmartensitic laths. Compressive stresses provide the

driving force needed for microstructure fragmentation, while

a large amount of cyclic loading provides the time needed for

grain refinement of martensitic laths. Therefore, with the

accumulation of cyclic deformation, the intercrystalline

dislocation density increases, and dislocations aggregate,

forming the dislocation tangles in themartensitic laths. These

high-density dislocation regions become new barriers to

dislocation slip, and as cyclic deformation proceeds, the initial

grain interior is gradually separated and broken by dislocation

tangle regions, developing into some deformed cellular sub-

structures, that is, dislocation cells, which further form the

nanograin structures; and dislocations occur in the cell wall

rearrangement, which later forms the low angle boundary.
Fig. 17 e The interior defect induced microcrack initiation and in

for LPBF Ti6Al4V alloys.
This further develops into the FGA region with a nano-grain

layer of crack initiation and early propagation in VHCF

regime for the LPBF Ti6Al4V alloy.

Fig. 17 represents the interior fatal defect-induced micro-

crack initiation and initial growth process in the FGA region in

VHCF regime at R ¼ �1. In parallel with the formation of

nanograins, owing to the strain incompatibility between the

defects and the microstructure matrix, microcracks are easily

initiated at the interface between the two. As the cyclic

loading grows, the microcracks expand at a very low rate in

the environment of vacuum inside the specimen, and the low

angle boundaries of the nanograins also inhibit the micro-

crack expansion. At a simultaneous time, microvoids may be

formed in the nanograins layer due to plastic deformation

subjected to continuous VHCF. However, these microvoids

may also originate from the LPBF process, but their sizes are

much smaller than the size of the fatal defect. Themicrovoids

generated either before or during fatigue loading will

contribute to the merging of microvoids with each other

during the subsequent cyclic loading process, which in turn
itial growth process inside the FGA region in VHCF regime
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will accelerate the expansion of microcracks. Of course, the

microcracks and the merged microvoids connected with each

other gradually develop into main cracks and eventually form

FGA features.
4. Conclusions

Fatigue behaviors of LPBF fabricating Ti6Al4V alloys subjected

to the VHCF regime were investigated. The interior defect

induced crack initiation mechanism and initial propagation

were analyzed and discussed based on dislocation motions.

The main conclusions are as follows:

1. PeSeN curves were obtained by using a three-parameter

fitting for LPBF Ti6Al4V alloy at 10% and 90% failure prob-

abilities. And it was verified that the logarithmic form of

the fatigue life at each stress amplitude could satisfy the

normal distribution.

2. Fatigue cracks were initiated from defects formed during

the LPBF manufacturing process. The fracture surface

showed typical VHCF characteristics with a smooth and

flat fracture in the crack propagation area. A fine granular

area (FGA) was formed around the defect and the grain size

inside the FGA region was variable.

3. The cracks inside the early stages of FGA formation were

driven by the maximum shear stress and growth as mixed

Mode II þ III cracks, while the cracks outside the FGA were

driven by the normal stress and expanded asMode I cracks.

4. The FGA region is composed of many nanograins and

residues of martensitic laths after fragmentation with high

dislocation density. Dislocation entanglement and rear-

rangement form dislocation cells, which further develop

into the nanograins and low angle boundaries. Besides, by

the action of plastic deformation, the microcrack and

microvoids in the FGA layer will merge and aggregate with

each other into the main crack and thus accelerate the

crack expansion.
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